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Polymer nanocomposites (PNCs), mixtures of nanometer-sized particles and polymeric ma-
trices, have attracted continuing interest over the past few decades, primarily because they offer
the promise of significant property improvements relative to the pure polymer. It is now com-
monly accepted in the community that the spatial organization of nanoparticles (NPs) in the
polymer host plays a critical role in determining the macroscopic properties of the resulting
PNCs. However, till date there is still dearth of cost-effective methods for controlling the
dispersion of NPs in polymeric hosts. In this dissertation, we are dedicated to developing
practically simple and thus commercially relevant strategies to controllably disperse NPs into
synthetic polymer matrices (both amorphous and semicrystalline). We first investigate the in-
fluence of casting solvent on the NP spatial organization and the thermomechanical properties
in a strongly attractive PNC consisting of bare silica NPs and poly(2-vinylpyridine) (P2VP)
hosts cast from two different solvents - methylethylketone (MEK) or pyridine. In MEK, we
show that P2VP strongly adsorbs onto the silica surface, creating a stable bound polymer layer
and thus helping sterically stabilize the NPs against agglomeration. On the contrary, in pyri-
dine, P2VP does not adsorb on the silica NPs, and the phase behavior in such case is a subtle
balance among electrostatic repulsion, polymer-induced depletion attraction, and the kinetic
slowdown of diffusion-limited NP aggregation. Using Brillouin light scattering, we further
show that in pyridine-cast films, there is a single acoustic phonon, implying a homogeneous
mixture of silica and P2VP on the mesoscopic scales. However, in MEK-cast samples, two
longitudinal and two transverse acoustic phonons are probed at high particle content, reminis-
cent of two metastable microscopic phases. These solvent-induced differences in the elastic
mechanical behavior disappear upon thermal annealing, suggesting that these nanocomposite
interfacial structures in the as-cast state locally approach equilibrium upon annealing. Next, to
disperse silica NPs into an energetically unfavorable polystyrene (PS) matrix in a controllable
fashion, we have proposed a simple and robust strategy of adsorbing a monolayer of PS-b-
P2VP block copolymer onto the silica surface, where the short P2VP block is densely coated
around the silica particles and thus helps to reduce the inter-core attraction while the long PS
block provides a miscible interface with the matrix chains. As a result, we have found that the
silica particles can be uniformly dispersed in the PS matrices at a low grafting density of∼0.01
chains/nm2. Even more interestingly, we have shown that the BCP coated NPs are remarkably
better dispersed than the ones tethered with bimodal PS-P2VP brushes at comparable PS graft-
ing characteristics. This finding can be reconciled by the fact that in the case of BCP adsorption,
each NP is more uniformly coated by a P2VP monolayer driven by the strongly favorable silica-
P2VP interactions. Since each P2VP block is connected to a PS chain we conjecture that these
adsorbed systems are closer to the limit of spatially uniform sparse brush coverage than the
chemically grafted case. Finally, we have examined the interplay between NP organization and
polymer crystallization in a melt-miscible model semicrystalline nanocomposite comprised of
poly(methyl methacrylate) or poly(methyl acrylate) grafted silica NPs in poly(ethyleneoxide)
matrices. Here we have achieved active NP organization at a length scale of 10-100 nm by
isothermal polymer crystallization. We have shown that the melt-miscible spherical NPs are
engulfed by the polymer crystals and remain spatially well-dispersed for crystallization faster
than a critical growth rate (G > Gc ∼0.1 µm/s). However, anisotropic sheet-like NP ordering
results for slower G - the NPs are preferentially segregated into the interlamellar zone of the
multiscale, hierarchical polymer crystal structure spanning lamellae (10-50 nm), fibrils (µm)
and spherulites (mm). This NP ordering is found to favorably impact the elastic modulus while
leaving fracture toughness unaffected. We thus conclude that polymer crystal growth kinetics
coupled to the unusual morphology of semicrystalline polymers represent a novel handle for in-
situ fabricating hierarchical, anisotropic NP structures in a synthetic semicrystalline polymer,
which could inspire significant applications.
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1.1 Nanoparticle dispersion in amorphous polymers
Polymer nanocomposites (PNCs), a mixture of nanoparticles (NPs) with a polymeric host, have
attracted interest over the past few decades since they can possess enhanced macroscopic prop-
erties relative to the pure polymer [1, 2, 3, 4, 5, 6]. However, in most cases, the inorganic NPs
and the organic polymer phase are energetically immiscible, with the resulting particle agglom-
eration leading to minor property enhancements. To overcome this difficulty, many strategies
have been proposed in the literature for manipulating the enthalpic and entropic interactions be-
tween these two components so as to facilitate their miscibility [7, 8, 9, 10]. It is commonly be-
lieved that NPs will be well-dispersed in a polymer if their energetic interactions are favorable,
while immiscibility should otherwise result. Entropic control over polymer-NP miscibility can
be most readily realized by grafting polymer chains onto the NP surface. This leads to complex
self-assembly behavior depending on the grafting density and the grafted/matrix chain length
ratio [8]. Another scenario was presented by Mackay and coworkers [9], who established a
miscibility diagram for bare NPs formed with a variety of polymers (dendritic polyethylene
(PE), fullerenes (C60) or cross-linked polystyrene (PS)) dispersed in linear PS hosts prepared
by rapid precipitation method. Since their results were independent of the chemistries of the
NPs and the polymers, these workers proposed the following general strategy for the dispersion
of NPs in a polymer matrix. When the NP radius (RNP), is larger than the radius of gyration
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(RG) of the polymer the PNC displays immiscibility, i.e. NP aggregation. However, when RNP
is smaller than RG, good NP dispersion is predicted. In addition to these “equilibrium” factors
affecting NP dispersion, other strategies can also be employed to control NP morphologies, e.g.
external (shear flow [11], magnetic field [12, 13]) or internal (using block copolymers (BCPs)
[14]) factors.
While each of these approaches is individually interesting, they do not take into account
the processing parameters used for creating the PNC. Our basic premise, which is echoed by
multiple anecdotal pieces of evidence, is that processing strongly affects the initial NP disper-
sion state. Subsequent annealing does not alter this state significantly (especially in cases of
using high molecular weight matrices), and hence the initial processing step is critical to the
NP dispersion state and from there the properties obtained from this class of hybrid materials.
Multiple processing techniques have been used to prepare PNCs [15]: melt mixing, extrusion,
compression molding, rapid precipitation or solvent casting. We focus here on solvent casting,
in particular properly enunciating the sketchily documented role of the choice of solvent and
its evaporation rate on NP dispersion. For instance, for 14 nm diameter bare silica/PS PNCs,
different solvents, e.g. methylethylketone (MEK), tetrahydrofuran (THF) [16] or dimethylac-
etamide (DMAc) [17], have been found to give different dispersion states when the solvent is
evaporated slowly - from large spherical aggregates (in MEK or THF) to small fractal aggre-
gates (in DMAc). Even if the compatibility between NP and polymer is improved (by changing
the nature of the polymer), the same progression of solvent driven dispersion state is observed
[18]. However, if the solvent is allowed to evaporate quickly, NP dispersion is usually improved
[19, 20]. Another example was reported by Janes and coworkers [21], who showed that expos-
ing PNCs to different solvent vapors can alter the NP structures from uniform dispersion to
agglomeration. In the same vein, Meth and coworkers [20] showed that aggregation of charged
silica in PS or poly(methyl methacrylate) (PMMA) matrices occurred during the drying pro-
cess when around half of the solvent had evaporated. The aggregation comes from a collapse of
the charged double layer. Additionally, these authors observed good NP dispersion due to the
decrease of NP diffusion when the polymer molecular weight is high (i.e. when the viscosity
of the solution increases). Zukoski’s group [22] studied 44 nm silica/400 g mol−1 PEG/ethanol
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(or water) systems in various regimes of polymer concentration (from dilute to melt). By com-
bining scattering techniques and theory, they correlated the NP miscibility with the existence
of a dense PEG layer (∼1 nm thick) adsorbed at the silica surface. They thus concluded that
the polymer/silica attraction strength is the key parameter in determining NP dispersion.
Although there have therefore been many works on the role of casting solvent on NP dis-
persion, comprehensive understanding of the physics of these situations does not exist. Here
in Chapter 2 of this dissertation we critically investigate the role of the casting solvent on the
silica dispersion in PNCs, in the particular case where the NPs and the polymer segments have
strongly favorable interactions with each other. We prepared PNC comprised of spherical, non-
functionalized silica NPs and poly(2-vinylpyridine) (P2VP) cast from two different solvents
(MEK or pyridine) and studied the influence of this preparation procedure on the NP/polymer
phase behavior in both solutions and bulk films.
On the other hand, it is now well-accepted that the critical factor leading to the unusual
properties in PNCs is the large surface area inherent in NPs relative to their micro-sized or even
larger analogs [23]. There are two issues that are controlled by this increased interfacial area
(and hence interfacial interactions) in the system: the spatial dispersion of the NPs in the poly-
mer matrix [8, 18, 21, 24, 25, 26], and the local interfacial properties [16, 19, 27], e.g. chain
dynamics and from there the glass transition temperature (Tg) of the nanocomposites. In the
community, equilibrium ideas are used to tailor these interfacial interactions, e.g., grafting NP
surfaces with short ligands (e.g., silane coupling agents) [28] or polymer chains [29]. Bansal
and coworkers [29] for example, used grafted polymer chains to tailor the particle/matrix inter-
face and observed an increase, no change, or decrease in Tg of the resulting PNCs, depending on
the wetting behavior of the grafted layer/matrix interface, i.e., wetting, neutral, or non-wetting,
respectively [30].
We suggest that, in addition to these equilibrium ideas, the preparation method by which
these composites are created also critically affects the effective interfacial interactions between
the NPs and the polymers [19, 31]. Qualitatively, in a solvent casting process, the primary
factor determining the formation of a bound polymer layer is the relative interaction strength
between the particle/solvent and the particle/polymer, although other factors, such as the bulk
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thermodynamics of the polymer/solvent mixture, might also be important in some cases. To
be specific, we consider the case of nanocomposites cast from a common solvent. When the
solvent interacts less favorably with the NP surface than the polymer, the chains strongly absorb
onto the particle surface, creating a temporally long-lived bound layer (which can facilitate
NP bridging through the bound polymer chains at high particle loadings) [21, 22, 27, 32, 33,
34, 35]. At low loadings, the NPs are thus sterically stabilized against agglomeration by the
bound layers leading to uniform NP dispersion. In the opposite case, for which the solvent
energetically prefers the NPs, the chains are displaced from the surface, and hence no interfacial
bound layer is formed. In the second part of Chapter 2, we shall study the relation between
the thermomechanical properties and different local structures of the silica/P2VP interface as
obtained by different PNC processing conditions, i.e., solvent casting. We employ Brillouin
light scattering (BLS), a non-invasive, non-contact optical technique with spatial resolution in
the submicron scale, to measure the elastic moduli (both longitudinal and shear) at different
temperatures in both the glassy and rubbery states in the GHz frequency range and examine the
influence of casting solvent on the interfacial structures and from there the thermomechanical
behavior of the resulting PNC films.
As discussed earlier, one general strategy to controllably disperse inorganic NPs into an
energetically immiscible polymer matrix is to chemically graft the particle surface with polymer
chains and mixing them with matrices possessing the same chemistry as the brush [36]. In such
cases, miscibility at high grafting density is driven by the entropy of mixing between the brush
and the matrix chains [30, 37, 38]. More interestingly, at low grafting densities (e.g., σ <
0.1 chains/nm2), the NPs self-assemble into anisotropic superstructures through a compromise
between this mixing entropy and the attraction between the NP cores [8, 39, 40]. Recently,
bimodal (BM) brushes have been used, in which a sparsely grafted, long brush provides a
miscible interface with the bulk polymer while a densely grafted, short brush helps reduce
the inter-particle van der Waals (vdW) attraction, to further improve the dispersion of NPs
[41, 42, 43, 44].
While this chemical grafting idea has resulted in much success in lab-scale practice, it
typically involves complicated chemistry making it too time-intensive and costly to be realized
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on an industrial scale. To resolve this difficulty, in Chapter 3 of this dissertation we shall
propose a simpler strategy to disperse silica NPs into a chemically unfavorable PS matrix. We
modified the NP surface with a physically adsorbed monolayer of polystyrene-block-poly(2-
vinylpyridine) (PS-b-P2VP) copolymers. In this case, the short P2VP block, which adsorbs to
the NP surface due to the favorable interactions with the silanol groups [25, 45], also helps to
reduce inter-core attractions [46]. In addition, the long PS block provides a miscible interface
with the matrix chains. As a consequence, we have found that the BCP NPs are uniformly
dispersed in the PS matrices even at a grafting density of ∼0.01 chains/nm2 – similar results
can only be attained at an order of magnitude higher grafting density for monomodal grafted
NPs. These results strongly suggest that the idea of reducing inter-NP attraction, and allowing
for the favorable mixing of the brush and the matrix chains can be achieved with BCP NPs.
Here in Chapter 4 of this dissertation, we shall contrast two methods of reducing inter-NP
attractions: in addition to BCP approach discussed above, we will use bimodal brush grafted
NPs, with a short dense P2VP brush used to reduce inter-NP attractions and a long PS brush
to improve the miscibility with the matrix. We then compare the dispersion behavior as well
as its consequence on the viscoelastic properties in the two cases. With these results, we aim
to address the following questions: (i) Is physically adsorbing polymer molecules equivalent in
terms of NP dispersion to chemically grafting the chains onto the NPs? If not, in what tangible
ways are they different and what is the underlying physics leading to the observed difference?
(ii) How does the presence of the short P2VP block/brush affect these results? (iii) What are
the implications on the mechanical reinforcement in these two different classes of hybrids?
1.2 Mechanical reinforcement
The incorporation of NPs into a polymer matrix frequently enhances the mechanical properties,
particularly the viscoelastic behavior, of the melt of the base resin [3, 5, 47, 48, 49]. This has
been regarded as a model for automobile tires, which usually use small silica particles in cross-
linked rubber whose Tg is far below the room temperature. In such cases to optimize mechan-
ical performance in the molten state, there needs to be a pathway for stress to be propagated
across the system. Several mechanisms have been proposed to understand the formation of
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this “percolated” state, including direct NP-NP aggregates [50, 51], percolation through bound
polymer chains (including direct bridging of adsorbed chains or by the interactions between
chains adsorbed on different NPs) [47, 52, 53], or through graft-graft adhesions in the case of
polymer grafted NPs (PGNPs, including direct graft-graft interactions or indirect interactions
involving matrix chains) [51, 54, 55]. Resolving among these hypotheses, which presumably
depends on the type of nanofiller used, is a topic of considerable interest. On the other hand,
it is now commonly accepted that the size, shape, and spatial organization of NPs in a matrix
play important roles in determining the mechanical properties of the PNCs [17, 24, 50, 54, 55].
Therefore, it is critical to compare the mechanical performance of PNCs loaded with different
types of NPs, from which mechanical reinforcement resulting from different mechanisms can
be evaluated. For this purpose, in Chapter 5 of this dissertation, we shall systematically ex-
amine the linear viscoelasticity of PS or P2VP melts loaded with silica NPs of different size,
shape or surface grafting (including fumed, spherical colloidal, polymer grafted and elongated
colloidal particles). Based on these results, we shall provide some insights into the role of filler
shape, connectivity and structural openness on the rheological properties of the resulting PNCs.
1.3 Nanoparticle dispersion in semicrystalline polymers
Crystalline polymers, arguably the largest class of commodity plastics, are useful primarily
because of their large ductility (i.e., their large strain to break). However, their low moduli
(relative to metals) limits their use in structural applications. Kojima and coworkers showed
that the addition of nanosized clays increased the modulus of Nylon, without compromising
its toughness, thus overcoming this critical deficiency [56]. While it has therefore become
ubiquitous to add NPs to a crystalline polymer to improve properties [57, 58, 59, 60], little
attention has been paid to optimizing the filler’s dispersion state, except to ensure that it is not
strongly agglomerated.
In sharp contrast, biomimetic materials exploit variations in filler dispersion state to create
materials with dramatically different properties [61, 62]. For example, an isotropic disper-
sion of spherical hydroxyapatite NPs results in a “bone-like” mimic, while the organization of
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spherical NPs into two-dimensional sheets, and the subsequent stacking of sheets gives rise to
materials with highly anisotropic mechanical properties (“enamel-like” mimic). As discussed
in previous sections, till date control of NP assembly into a variety of structures has only been
achieved in amorphous hosts and almost exclusively through the use of equilibrium, surfac-
tancy concepts [5, 8]. For example, hydrophilic NPs grafted with hydrophobic chains behave
akin to a surfactant, and self-assemble into a variety of superstructures when they are placed in
an amorphous polymer matrix [8]. In a second vein, NPs isolate into one microphase or at the
interface when they are mixed with a microphase separated BCP [14, 63, 64]. The equilibrium
BCP microstructure therefore templates the NP ordering in this example.
In a different vein, a popular means of controlling the spatial organization of colloids is to
use ice-templating. A slurry of colloid and water is placed under a large temperature gradient
to facilitate water crystallization. Below a critical ice crystal growth rate, the suspended col-
loids are excluded by the crystal into the liquid phase where they form a variety of structures,
including sheets, open cells, etc [65, 66]. Note that the typical feature sizes accessible by this
method are 10-100 µm, which is much bigger than the smallest assembly scales in typical bio-
logical systems (∼10 nm) [67]. Also it is known that the nanoscale NP structures actually effect
the material properties. Here we highlight Nacre, a hierarchical structure of ∼95% inorganic
aragonite and ∼5% crystalline polymer (e.g., chitin). This material has significantly improved
mechanical properties relative to aragonite due to multiscale NP organization. At the nanoscale,
NPs are ordered into parallel layers mediated by a ∼10 nm thick polymer layer, i.e., “brick”
formation – these bricks are assembled into “brick-and-mortar” superstructures. Inspired by
the significant property improvements achieved in Nacre we aim to assemble NPs into periodic
layered structures (on the scale of 10-100 nm) in commercially relevant crystalline polymers,
which comprise ∼70% of the ∼$400 billion/year polymer industry.
In Chapter 6 of this dissertation, we leverage the fact that lamellar polymer crystallization
is inherently different from the crystallization of small molecules, like water in ice-templating
systems. Water crystallization is isotropic, in that the crystal grows in all three directions. The
initially well-dispersed NPs can either be engulfed by the crystal, or ordered on the crystalline
grain size depending on growth conditions [68]. In contrast, isothermal polymer crystallization
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is inherently anisotropic – chain stems are added along the perimeter of spherulites, and thus
the crystal dimensions are quite different in the three directions – namely, lamellar (10-50 nm),
fibrillar (µm) and spherulitic (µm-cm). For fast polymer crystallization the NPs are engulfed
by the crystals. However, below a critical rate, NPs are expelled from the crystal and can be
ordered on one or more of these scales. In particular, for velocities just below the engulfment
threshold we find that the NPs are preferentially expelled into the interlamellar zone and or-
dered into sheets with the desired 10-100 nm spacing. The fraction of NPs that are engulfed
vs. ordered into sheet-like layers is readily varied through changes in the spherulite growth rate
(G). Our method thus opens up a regime of NP ordering relevant to biomimetics, but one that
has remained outside the purview of current assembly methodologies.
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Chapter 2
Role of Casting Solvent on Nanoparticle
Dispersion and Thermomechanical
Behavior in Polymer Nanocomposites
While most of the approaches for dispersing NPs in polymer matrices discussed in Introduction
is individually interesting, they do not take into account the processing parameters used for
creating the PNCs, e.g. solvent casting in our case. However, multiple pieces of evidence
has consistently shown that processing strongly affects the initial NP dispersion state [21]. As
subsequent annealing typically does not alter this state significantly (especially in cases of using
high molecular weight matrices), the initial processing step is critical to the NP dispersion state
and thereby the thermomechanical properties of the resulting hybrid materials. In this chapter
we critically examine the role of the casting solvent on the silica dispersion in P2VP matrices,
where the NPs and the polymer favorably interact with each other [25, 69]. We shall study
the P2VP adsorption on silica surface in either MEK or pyridine and correlated this interfacial
polymer/particle interaction to the spatial organization of NPs as well as the thermomechanical
behavior in the resulting PNCs [45, 70].
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2.1 Materials, methods and systems
The system consists of spherical, colloidal silica NPs (Nissan MEK-ST, 10-15 nm in diameter;
Nissan IPA-ST-MS, 17-23 nm in diameter; Nissan MEK-ST-L, 40-50 nm in diameter) denoted
by Nissan Chemical Industries and P2VP matrices of varying molecular weights (Mw = 2.4 kg
mol−1, D = 1.20; Mw = 14.7 kg mol−1, D = 1.05; Mw = 54 kg mol−1, D = 1.08; Mw = 105
kg mol−1, D = 1.08; Mw = 302 kg mol−1, D = 1.09; Mw = 554 kg mol−1, D = 1.11; Mw =
940 kg mol−1, D = 1.10. Here Mw represents weight averaged molecular weight and D is the
polydispersity index) purchased from Polymer Source. Antioxidant Irganox 1010, provided
by BASF Switzerland, was used to minimize polymer thermal degradation during annealing
at high temperatures. MEK (HPLC-grade, >99.7%) and pyridine (ACS agent, >99.0%) were
purchased from Sigma Aldrich. We first studied the P2VP/silica interaction in dilute solutions
by combining dynamic and static light scattering (DLS/SLS). We then prepared solid bulk
nanocomposite films (∼100 µm) by co-casting P2VP and silica composite solutions in either
MEK or pyridine. First, the as-received Nissan silica suspensions were diluted with MEK or
pyridine in the volume ratio of 3:7. The resulting silica dispersion was then bath-sonicated for 2
min. Immediately after that, the actual concentration of silica particles in this dilute dispersion
was precisely determined by dropping 100 µL solutions into each of the four open alumina
containers, evaporating until there is no change in weight and then scaling the residual non-
volatile materials. The average value of these four independent measurements was taken as the
true concentration, which was approximately 100 mg mL−1. In parallel, P2VP and antioxidant
Irganox (0.2 wt% relative to polymer) solutions in MEK or pyridine were prepared in 12 mL
Telflon-capped glass vials. This was then vortex-shaken for at least 2 h (depending on molec-
ular weight of P2VP) to guarantee complete polymer dissolution. Appropriate amounts of the
diluted silica dispersion (being sonicated again for 2 min right before mixing with polymer
solution) were added to the polymer/Irganox solution, resulting in P2VP/silica formulations
with a known weight ratio. Most of the composite solutions obtained were vortex-shaken for
24 h and then probe ultrasonicated for 3 min using a Ultrasonic Processor (model GEX-750)
operated at 24% of maximum amplitude with a pulse mode of 2 s sonication following by 1 s
rest. For the kinetic studies, varying periods of time, ranging from 1 h to several months, were
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used to vortex-mix certain composite solutions before probe sonication. Finally, the composite
solutions were directly poured into 60 mm diameter PTFE Petri dish and evaporated for 5 days
in a fume hood before being visualized in transmission electron microscopy (TEM). For sam-
ples used for thermomechanical property studies, each as-cast sample was split into two parts,
with one directly sent for BLS measurements and the other subjected to thermal annealing. To
provide precisely identical sample history and completely remove all the residual solvents in
the films, a well-defined annealing procedure was adopted here: 7 days at 80 ◦C and then 10
days at 150 ◦C, both under vacuum. To facilitate the discussion below, we adopt the follow-
ing notation: sample ID of “PYR (MEK)-10%-(As cast) Annealded” dictates the film was cast
from pyridine (MEK) with a silica loading of 10 wt%, which (not) had been annealed. The
experimental details about DLS, SLS, TEM and BLS are presented in Appendix A.
2.2 Nanoparticle dispersion in solution and bulk films
2.2.1 Nanoparticle/polymer interaction in solution
We have focused on two different types of silica NPs, i.e. MEK-ST with a diameter ∼14 nm
and MEK-ST-L with a diameter of ∼50 nm. As we will show later, they behave similarly in
terms of their dispersion in the two solvents investigated (MEK or pyridine) in both solution and
films. In the following text, we will focus on the 14 nm particles to discuss the particle/polymer
phase behavior in solution as well as the thermomechanical behavior of the composite films.
For the TEM characterization, the 50 nm particle is primarily used as a more systematic study
was pursued on this system and also the larger particle size facilitates better TEM imaging.
Figure 2.1 presents the hydrodynamic diameter (DH) obtained from DLS on silica (14 nm)
/P2VP (105 kg mol−1) dispersions in either MEK or pyridine as a function of P2VP concen-
tration (CP2VP) at 25 ◦C. All NP dispersions have the same silica concentration (0.13 wt% or
0.048 vol%). In MEK, the apparent NP size increases abruptly on the addition of P2VP, but
then remains virtually insensitive to further increases of CP2VP up to 1.08 g L−1 (Figure 2.1a).
We conjecture that, in solution the relative interaction between silica/P2VP and silica/solvent
determines if a bound polymer layer is formed. Thus, as silica/P2VP interacts much more
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Figure 2.1: Intensity-averaged hydrodynamic diameter (DH) of suspended silica particles (14
nm, 0.13 wt%) with varying amounts of P2VP (105 kg mol−1) in composite dispersion of (a)
MEK and (b) pyridine.
favorably than silica/MEK, the silica particle adsorbs a monolayer of P2VP chains, with the
adsorption being self-limiting due to the lack of additional adsorption sites. The apparent in-
crease in the silica diameter, ∼16 nm, matches the diameter (∼2RG) of the P2VP ideal coils
with RG = 6−1/2bN1/2 (b = 0.6 nm and N = 1000). The validness of this calculation relies on
the fact that MEK is close to a θ-like solvent for P2VP (Figure 2.2). This finding corroborates
the notion that P2VP strongly adsorbs onto the silica surface in MEK dispersions, and forms a
bound layer with thickness of ∼RG [33]. Over a similar P2VP concentration in pyridine, the
DH of silica remains invariant (Figure 2.1b), implying that negligible polymer adsorption. Ap-
parently, P2VP chains are displaced away from the silica surface due to stronger silica/pyridine
interactions.
At CP2VP above∼2.50 g L−1 in MEK or∼3.15 g L−1 in pyridine, the observed decrease in
the hydrodynamic size is apparently due to the progressively larger “free” polymer contribution
to the scattering signal. An additional solvent specific behavior is, however, discernible in the
size distribution of silica/P2VP in MEK, revealing the presence of larger species with size
larger than 140 nm (dotted red line in Figure 2.1a.) at the two highest polymer concentrations.
Since this second population is absent at all P2VP concentrations in pyridine and at low P2VP
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Figure 2.2: Variation of hydrodynamic radius (RH) with the degree of polymerization (N ) for
a dilute P2VP solution in MEK.
concentrations in MEK, it probably represents silica aggregates, which presumably result from
NP bridging through P2VP bound layers. In fact, when the composite solutions in MEK are left
under ambient conditions for long enough time (e.g. several weeks), the silica-rich phase with
bridging P2VP chains precipitate out from the solution and form a white layer on the bottom
of the glass vial. In contrast, the same silica dispersions in pyridine are temporally stable and
transparent after several months. Going further, in the case of using 50 nm particles, we have
observed essentially the same silica/P2VP interaction behavior in these two casting solvents
(Figure 2.3). Again, we have shown that P2VP adsorbs on the silica surface in MEK, forming a
bound polymer layer of thickness RG. In contrast, P2VP does not adsorb onto silica in pyridine
and is apparently displaced away from the silica surface.
To better understand the different effective interactions between silica/P2VP in MEK and
pyridine, we could also compare the relative interaction strength between P2VP/solvent as well
as that between silica/solvent. In the former case, one could compare the Hansen solubility
parameter δ for the solvents and P2VP. Here the value is 19.3, 21.7, and 21.3 MPa1/2 for MEK,
PYR, and P2VP respectively. Thus, we could hypothesize that pyridine is a good solvent for
P2VP while MEK is a θ-like solvent for P2VP (Figure 2.2). As a result, P2VP would like to be
swollen by the pyridine rather than adsorbed on the silica surface. In the latter case, we referred
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to the previous work [25], in which FTIR was used to show that adding a small amount of pyri-
dine into a silica/P2VP/MEK system can nearly remove all the bound MEK with silica surface.
That is, pyridine will displace the MEK as it interacts much stronger with the silica surface. As
a concluding remark, we have strong evidence clearly identifying the different effective inter-
actions between silica and P2VP in the two solvents. Below, we shall investigate the effect of
solvent casting on the NP dispersion states as well as the thermomechanical properties of the
resulting nanocomposite materials.
Figure 2.3: Hydrodynamic diameter (DH) of silica NPs (50 nm, 0.13 wt%) vs. P2VP (105 kg
mol−1) concentration (CP2VP).
2.2.2 Nanoparticle dispersion in bulk films
Figure 2.4 presents TEM micrographs for as-cast films of 14 nm/50 nm silica NPs in 14.7 kg
mol−1 P2VP matrices solvent casting from MEK or pyridine. As shown here, the silica NPs
are well-dispersed in the polymer matrices when MEK is used as a solvent. We reconcile this
by the fact that the P2VP chains adsorb onto the particle surface in MEK, thus stabilizing the
particles against agglomeration. However we must note that, this is only true at a low silica
loading or P2VP concentration (in solution). For larger P2VP concentrations (i.e. 0.012 g
mL−1), the NPs start to cluster presumably due to the particle bridging by P2VP chains (Figure
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2.1a) [45]. One way to avoid this particle aggregation is to add a small amounts of pyridine,
which will reduce the strength of silica/P2VP interactions in a MEK rich environment and thus
yield uniform particle dispersion [25].
Figure 2.4: As-cast TEM images for 10 wt% 14 nm (top row) and 50 nm (bottom row) silica
NPs in 14.7 kg mol−1 P2VP matrices solvent casting from MEK (first column) and pyridine
(second column). The correlation functions C(r) are shown in the last column.
On the other hand, when pyridine is used as the casting solvent, we observed that the silica
NPs strongly agglomerate (middle column of Figure 2.4b). This is because, in this case, there
is no bound polymer layer on the silica surface, thus the particles are indirectly attracted to each
other due to polymer-induced depletion forces [71, 72]. We have used the pixel autocorrelation
function C(r) to quantify the morphological differences between samples cast in MEK and
pyridine. As shown in the right column of Figure 2.4, the C(r) of the pyridine cast films
decays to zero at a much longer distance than that cast from MEK, indicating stronger particle
agglomeration in the former samples.
Going further, we have also examined the effect of the P2VP chain length on the dispersion
states of NPs with different sizes (Figure 2.5). We have found that in P2VP matrices with low
(14.7 kg mol−1, 54 kg mol−1) and high (554 kg mol−1, 940 kg mol−1) molecular weights, par-
ticle aggregation is visualized. Interestingly, for intermediate chain length, particles are much
better dispersed. We now reconcile our findings. We know that in pyridine, as there is no bound
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Figure 2.5: As-cast TEM images for 10 wt% 14 nm (top row), 20 nm (middle row) and 50 nm
(bottom row) silica NPs in P2VP matrices of varying molecular weights. All these samples are
solvent cast from pyridine.
P2VP chains around the silica surface, the physical picture in such cases is that the bare silica
NPs freely swim in a sea of P2VP solutions. Thus, the particles will experience three different
forces, i.e., the short-ranged vdW attraction, the long-ranged electrostatic repulsion (as the par-
ticles are surface-charged) and the polymer-induced depletion force [72]. We know that vdW
force between particles should not depend on the chain length while, in the dilute limit, both
the range and strength of depletion attraction should increase with the increase in P2VP chain
length. On basis of this argument, we would expect particles become more aggregated as they
are placed into a matrix with higher molecular weights. Although this logic can well explain
the low chain length phase behavior, it does not explain the observations that the particles are
actually better dispersed in P2VPs with intermediate molecular weights. We attribute this to be
a combination of two factors. First, we observed a drastic increase in conductivity after adding
P2VP into solutions, suggesting that P2VP carries ions into the solution. And apparently more
ions are introduced for short P2VP chains (presumably because of larger number of chain ends
at the same weight fraction of polymers) and thus the electrostatic repulsion is much more
screened and larger agglomeration results. This fact has to be coupled to an increase of bulk
viscosity or decrease in particle mobility as the P2VP chain length increases. These arguments
are supported by the fact that the TEM characterization in Figure 2.5 has been done only after
1 day vortex-mixing the polymer and the particles.
In fact, Figure 2.6 shows that the NP dispersion generally becomes unstable or more ag-
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Figure 2.6: As-cast TEM images for 10 wt% 50 nm silica NPs in P2VP matrices of varying
Mws after vortex-mixing for different amounts of time (ranging from 0 day to 90 days). All
these films were solvent casting from pyridine.
gregated with the increase in time of vortex-mixing. For instance, we see the particles are well
dispersed in both 105 kg mol−1 and 554 kg mol−1 P2VP matrices with 0 day mixing but become
agglomerated after 5 days and 1 day vortex-mixing, respectively. These results point to the fact
that the dispersion states of NPs cast from pyridine is a subtle balance between charge-induced
particle repulsion, polymer-induced depletion attraction and kinetic effects. Additionally, we
also notice from Figure 2.5 (first column vs. last column) that the aggregates formed in 940 kg
mol−1 P2VP are much more compact than those in 14.7 kg mol−1 P2VP. This should be due to
the fact that, for the particles in high molecular weight P2VP, the total attraction is more long-
ranged (the range of depletion scales with the size of the polymer chain) but relatively weak
(the electrostatic repulsion is stronger, as less ions are introduced), thus the particles can re-
organize before they come into direct contact. In contrast, in low molecular weight P2VP, the
inter-particle attraction is short-ranged and stronger, hence the particles are much more easily
kinetically trapped, forming loosely packed, fractal-like clusters.
These results suggest that one can achieve relatively good dispersion in pyridine if i) the
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P2VP concentration is low in the initial solution and ii) the time of mixing the particles and
polymers should be short enough to “freeze” the NPs in good dispersion states.
Figure 2.7: TEM images of as-cast (first row) and annealed (10 or 12 days at 150 ◦C, second
row; 92 days, fourth row) 10 wt% (30 wt% for the last 50 nm samples) silica-P2VP nanocom-
posites cast from pyridine. The C(r) is compared in the third row.
Going further, as P2VP and silica are intrinsically compatible with each other, in cases
where NPs are agglomerated from solvent casting process, we would expect thermal anneal-
ing would help break the clusters apart and thus improve the particle dispersion. As shown
in Figure 2.7, this is indeed true for samples with low molecular weight matrices (e.g. <105
kg mol−1) where upon thermal annealing at 150 ◦C for 10 days, the agglomerated samples
becomes reasonably well-dispersed. This evolution in particle dispersion as a function of ther-
mal annealing has been well confirmed by the C(r) calculations (the third row of Figure 2.7).
Notably, even in these cases, we still can see small, direct NP aggregates, which are apparently
hard to be annealed away within a reasonable experimental time scale. On the other hand, for
commercially relevant high molecular weight based nanocomposite samples, the particle ag-
glomerated morphology barely changes with thermal annealing, primarily due to the sluggish
polymer mobility in these strongly entangled materials. For example, for 14 nm silica particles
in 554 kg mol−1 P2VP, the particles are still strongly aggregated even after annealing at 150 ◦C
for three months. We have also examined the effect of thermal annealing on 50 nm particles in
18
54 kg mol−1 P2VP and found that the particles become homogeneously distributed in the matrix
after 12 days annealing at 150 ◦C. Apparently this polymer-induced particle de-agglomeration
process is dominated by the matrix chain dynamics, with a secondary role played by the size of
the particles used. Based on these results, we conclude that the practically final NP dispersion
states are strongly influenced by the processing history of the samples, i.e. the relative inter-
actions between the different components (particle/polymer/solvent) in solution in the solvent
casting process.
2.3 Thermomechanical behavior of nanoparticle/polymer
films
In the previous section, we have examined the relationship between the effective NP/polymer
interaction and the resulting particle dispersion states in the films. Here we study the role
of casting solvent on the thermomechanical properties and different local structures of the sil-
ica/P2VP interface. We employ BLS, a non-invasive, non-contact optical technique with spatial
resolution in the submicron scale, to measure the elastic moduli (both longitudinal and shear)
at different temperatures in both the glassy and rubbery states in the GHz frequency range. In
the relevant temperature and frequency range, the system behaves as an elastic solid and hence
the longitudinal (M ) and shear (G) moduli sense local packing and interactions in regions of
size comparable to the phonon wavelength (Λ ≥ 200 nm). Here the system studied is 14 nm
silica NPs in 105 kg mol−1 P2VP matrices, for which the particle dispersion states in films cast
from MEK and pyridine are quite comparable (especially after thermal annealing, Figure 2.7).
Thus, the effect of the particle/polymer interfacial interaction in different casting solvents on
the thermomechanical behavior of the resulting composite films can be resolved.
2.3.1 Elastic properties of as-cast polymer nanocomposite films
Figure 2.8 displays representative BLS spectra for a composite film containing 10 wt% silica
cast from MEK (MEK-10%-As cast) at 23 ◦C at various scattering vectors (q) both parallel
(qpara, bottom of Figure 2.8a and Figure 2.8b) and normal to the film surface (qperp, top of
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Figure 2.8: a) VV-polarized BLS spectra of MEK-10%-As cast for both in-plane (black) and
out-of-plane (red) phonon propagation. b) VH-polarized BLS spectra for the in-plane phonon
propagation at a scattering vector of q = 0.0118 nm−1. c) The phonon frequency f vs. q .
The solid and dashed black line is a linear fitting of f vs. q for the longitudinal and transverse
component of the acoustic phonon.
Figure 2.8a). The amplitude of q is tuned by the scattering angle (eq. A12 and eq. A13 in
Appendix A). The VV-polarized spectra in the bottom part of Figure 2.8a (black lines) consist
of the expected acoustic longitudinal phonon (peak I) whose frequency increases linearly with
q, as well as a second peak (peak II) with a q-independent frequency; the second peak corre-
sponds to the backscattering phonon from the laser beam reflected from the exit side of the
film. An unexpected broad shoulder (peak III) on the high-frequency side of the acoustic peak
should be attributed to the surface roughness of the examined films [70]. The VV-polarized
spectra in the top part of Figure 2.8a (red lines), collected with q normal to the film surface uti-
lizing the reflection geometry [73], have a single peak structure. Additionally, the finite optical
anisotropy of P2VP allows the measurement of the much weaker VH-polarized spectra (Figure
2.8b, recorded in the transmission geometry). The single peak spectrum relates to the transverse
component of the propagating phonon. The BLS spectra collectively demonstrate that there is
a single acoustic phonon (longitudinal in Figure 2.8a or transverse in Figure 2.8b) propagating
within this particular sample, indicating spatial homogeneity over a 200 nm (Λ ∼ 2π/q) length
scale. Indeed, as shown in Figure 2.9a, the silica NPs are individually dispersed in the polymer
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hosts, with no obvious large particle aggregates or percolating structures visible. In addition,
we calculated the average diameter (∼12.4 nm) of the “2-D” particles shown in Figure 2.9a
and also the C(r) as a function of distance. The initial slope of C(r) yields an average particle
diameter of ∼16 nm. Both quantities confirm the homogeneous nature of particle dispersion
within the film.
Figure 2.9: TEM micrographs for (a) MEK-10%-As cast (b) PYR-45%-As cast (c) PYR-45%-
Annealed (d) MEK-45%-As cast and (e) MEK-45%-Annealed. Also plotted is (f) comparison
of C(r) between as-cast and annealed MEK-45% films, in which each curve is obtained by
averaging the correlations of at least 30 images.
The linear dispersion in Figure 2.8c is valid for thick films (qh 1, our sample thicknesses
are h ∼100 µm). Thus, the phonon propagation sound velocities in both the longitudinal (cL =
2740± 30 m/s) and transverse (cT = 1350± 20 m/s) directions are determined from the slopes
of corresponding dispersion relations (eq. A14 in Appendix A) where the peak frequencies are
obtained from the representation of the experimental spectra by a Lorentzian function. Access
to both cL and cT allows the estimation of the Poisson ratio, ν = (x/2–1)/(x–1) = 0.34
[with x = (cL/cT)2] as well as other mechanical properties, including shear, Young’s, and
bulk modulus (eqs. A15–A19 in Appendix A). Moreover, since no anisotropy is anticipated for
thick films, the linear phonon dispersion should be the same for both in-plane (qpara) and out-
of-plane (qperp) propagation directions (Figure 2.8c). This isotropy allows the determination of
the refractive index n of the propagation medium, as n affects only the magnitude of qperp (eq.
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A13 in Appendix A). Note that the value of ν or n can provide structural and compositional
information of the composite medium with the propagating phonon.
As already noted, MEK promotes the formation of a P2VP bound layer, while the particle
surface is nearly bald in pyridine [25, 45]. We now examine the effect of this solvent-induced
interfacial modification on the thermomechanical properties of the composite films. Figure
2.10 shows cL in either pyridine or MEK as-cast samples as a function of silica loading. For
reference, we start with the neat P2VP. As indicated by the dashed green and blue lines in Figure
2.10, there exists a 2.2% difference in cL of pure bulk P2VP cast in MEK or pyridine. This
intriguing difference probably arises from the different solvent quality for P2VP in pyridine vs.
MEK, which might slightly modify chain packing during the drying process leading to a small
density difference in the as-cast glassy films.
Figure 2.10: cL vs. silica loading for nanocomposites cast in MEK or pyridine. The solid blue
line is the effective medium prediction for cL in the pyridine cast films. The red diamonds
correspond to the fast phonon propagating in the silica/P2VP bridged phase of MEK as-cast
films.
With the addition of silica NPs, in the case of pyridine as the casting solvent, there is only
one propagating phonon observed for all compositions (Figure 2.10 and 2.11b). The prop-
agation velocity of this single phonon, cL (solid blue squares in Figure 2.10), is reasonably
described by Wood’s law (solid blue line in Figure 2.10, see eqs. A20 and A21 in Appendix
A). This indicates that the material follows effective medium theory, implying a uniform film
with good “adhesion” between the silica and the P2VP. We conjecture that, even though no
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Figure 2.11: (a) VV-polarized BLS spectra of MEK-As cast samples with different particle
loadings for the in-plane phonon propagation at a scattering vector of q = 0.0205 nm−1. (b)
VV-polarized BLS spectra of PYR-45%-As cast for both in-plane (black) and out-of-plane
(red) phonon propagation.
P2VP chains adsorb onto the silica surface in the initial solution, P2VP chains gradually ap-
proach the particle surface during the drying process and recover their potential attractions
with the surface silanol groups as the surface-bound pyridine molecules start to be stripped
away from the surface. This process apparently leads to a homogeneous mixture of the NP and
the polymer at least on length scales of ∼200 nm. Credence for this statement comes from the
TEM micrograph, Figure 2.9b. Clearly, the NPs are almost uniformly distributed in the matrix,
with only a small number of particle-sparse regions (indicated by the red circles, the dimen-
sion of these white regions is smaller than 200 nm). These small NP depleted regions (and
also presumably aggregates in the sub-200 nm scale) should be caused by the P2VP induced
depletion forces. However, we still believe that the negatively-charged nature of the colloidal
silica NPs in the initial formulation (with a ζ-potential of –17.8 mV), the short mixing time
in solution (∼2h), as well as the increasing viscosity at the later stage of solvent evaporation
guarantee a relatively good dispersion throughout the drying process, as similarly observed by
Meth and coworkers [20]. Unfortunately, due to (i) a relatively poor contrast between silica and
P2VP, (ii) the small-size of the NPs, and (iii) a two-dimensional projection of multiple layers
of particles (the thickness of microtomed slices for TEM is ∼60 nm), it is difficult to directly
visualize the local NP organization in the TEM, especially in the highly-loaded samples. In
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this sense, BLS is a useful indirect tool to help examine the homogeneity of NP dispersion over
submicron length scales. To summarize, in pyridine as-cast films, the lack of a bound P2VP
layer in the solution state, together with the uniform spatial NP distribution guarantee a single,
homogeneous medium for phonon propagation.
Figure 2.12: (a) VV-polarized BLS spectra of MEK-45%-As cast for both in-plane (black) and
out-of-plane (red) phonon propagation. (b) Dispersion relations of MEK-45%-As cast for both
phonons I and II. The solid and dashed lines denote the linear fits f vs. q for the longitudinal
and transverse component of the acoustic phonon, respectively. In the illustration of (b), only
bridging chains are shown, the black spheres are silica, the black and red thick lines represent
the fast (II) and slow (I) phonon propagation.
In contrast, in MEK as-cast films, cL (solid green squares in Figure 2.10) does not depend
significantly on the silica loading. Further, at high silica loadings (e.g. 30 wt% and 45 wt%) a
second independently propagating phonon is observed (Figure 2.11) – this phonon travels much
faster than the first one, but with a sound velocity nearly independent of the silica loading
(top part in Figure 2.10). Specifically, taking MEK-45%-As cast as an example, as shown
in Figure 2.12a, we clearly observe two independent phonons both for the in-plane and out-
of-plane spectra, which are normally anticipated only for anisotropic films [73, 74]. These
phonons are indicated by peaks “I” and “II” inside the plot; peaks “III” and “IV” represent
their backscattering counterparts, respectively. This intriguing finding is also supported by the
presence of a double-phonon feature in the VH-polarized spectra (Figure 2.13). Additionally,
the recorded dispersion relations for the two different longitudinal and transverse phonons in
Figure 2.12b further confirm the existence of these two different acoustic phonons. Also note
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that this rules out any anisotropy in the films, which would otherwise scramble the polarization
and the longitudinal phonon scattering will appear in the VH-polarized spectra, which is not
seen in Figure 2.13. Instead, we conjecture that the presence of two acoustic phonons implies
spatial inhomogeneities over a length scale larger than 200 nm for phonon propagation in the
MEK as-cast nanocomposites. In such a case, BLS can act as microscopy in regions larger
than the probed phonon wavelength with elastic impedance present [73, 75]. As a result, two
longitudinal and two transverse phonons are observed in the VV-polarized and VH-polarized
spectra, respectively.
Figure 2.13: VH-polarized BLS spectra of MEK-45%-As cast for the in-plane phonon propa-
gation at a scattering vector of q = 0.0118 nm−1.
To quantitatively understand the nature of this heterogeneity, we take the sample MEK-
45%-As cast as an example, and perform the following three calculations. (i) We find that the
Poisson’s ratio ν of medium I (corresponding to phonon I in Figure 2.12) is 0.32 which is close
to the value of the pure P2VP (∼0.34) while that for medium II (corresponding to phonon II
in Figure 2.12) is ν = 0.26; note that for normal glass ν ∼ 0.22. This implies that medium II
is predominantly silica, while medium I is pure P2VP. (ii) The refractive indices n related to
media I and II are calculated (eq. A13 in Appendix A) to be 1.578 and 1.535, respectively. This
suggests that medium I should be rich in P2VP as its refractive index is within experimental
error of neat MEK as-cast P2VP. Also recalling that n for silica should be around 1.46, the
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lower n for medium II implies it contains a higher fraction of silica. In fact, assuming the n of
the composite is the volumetric average of that of the components, the silica loading in medium
II is estimated to be ∼54 wt%. (iii) According to the dispersion relation in Figure 2.12b, the cL
of phonons I and II is estimated to be 2720 m/s and 3200 m/s, respectively. Again the sound
velocity of the phonon I is very close to that of neat MEK as-cast P2VP (cL = 2710 m/s, as
shown in Figure 2.10). The larger cL of phonon II indicates a more dense material, i.e., more
silica. In fact, if the effective medium behavior can be assumed, the effective loading of silica in
medium II is predicted to be ∼55 wt%. These calculations in total consistently suggest a two-
phase heterogeneous nature in MEK as-cast high loading films, although NPs are apparently
uniformly dispersed in the P2VP matrices for all compositions, e.g. as shown in Figure 2.9a
and Figure 2.9d.
silica wt% 0.1 0.2 0.3 0.45
silica vol% 0.053 0.111 0.176 0.290
inter-particle separation 18.16 11.07 7.49 4.20
Table 2.1: Surface-to-surface inter-particle distance as a function of silica loading. The inter-
particle distance is estimated by dsilica([φmax/φsilica]1/3 − 1), where φmax = 0.638, is the max-
imum packing volume fraction for random, densely packing spheres, dsilica and φsilica is the
diameter and volume fraction of the silica core.
Next, we address the organization of the NPs within medium II of these heterogeneous
composite films. From the DLS solution experiment (Figure 2.1), we anticipate that NPs in
MEK solution are favorably bridged by P2VP chains at high silica loadings. Thus, we assume
that the silica-rich medium II in the dry film is inherited from these bridging structures in the
solution. Substantiation for this bridging picture comes from the observation that phonon II
is only seen for silica loadings larger than 20 wt% (or ∼11 vol%) (Figure 2.11a). At about
this loading, the inter-particle separation becomes less than twice the bound layer thickness,
i.e., 2RG ∼16 nm (Table 2.1). Our results suggest the following picture. At low particle
loadings, NPs are isolated from each other (Figure 2.9a) and phonon propagation bypasses
the NPs and is restricted to the more compressible polymeric phase with a sound velocity
approximately equal to that of the neat P2VP (Figure 2.10) with negligible influence of the
harder silica NP component. This also applies to the transverse sound velocity, which thus
leads virtually to the same Poisson’s ratio as bulk P2VP, e.g. ν ∼0.34 for the 10 wt% film.
26
Since the sound velocity also depends on the adhesion between the individual components
[76], i.e., the force in the harmonic oscillator picture, a virtually composition independent
cL of phonon I supports the assumption of a poor interfacial adhesion between NPs with the
effectively irreversibly adsorbed polymer chains and the free chains in the bulk. A possible
physical picture might be that, at the later stage of solvent evaporation, MEK prefers to go
to the bound layer as this will maximize the mixing entropy. At higher loadings, the particle
microphase starts to percolate, resulting in a second faster acoustic phonon, which propagates
only in the NPs which are locally bridged by the surface bound P2VP chains. We therefore
conclude that the morphology experienced by the acoustic waves corresponds to a “microphase
separated” state, as illustrated in Figure 2.12b. In the dense NP bridged microdomains, phonons
propagate faster (black thick lines) compared to the phonons in the less dense polymer-rich
microdomains (red thick line). Thus, the propagation of short wavelength (hypersonic) phonons
in nanocomposites can sensitively discern microregions with large elastic impedance (Z = ρcL)
[77].
2.3.2 Elastic properties of thermally annealed films
We now consider the role of thermal annealing on the phonon propagation with particular focus
on the two representative loadings cast in MEK: “low” (10 wt%) and “high” (45 wt%). Fig-
ure 2.8c compares the phase velocities of MEK-10%-As cast and MEK-10%-Annealed. Both
longitudinal and transverse sound velocities in this film barely change upon thermal annealing,
suggesting that the residual solvent (if there is any) in the as-cast film does not affect its intrin-
sic thermomechanical behavior. In contrast, the thermal history matters for the high-loading
nanocomposites as demonstrated for the MEK-45% sample in Figure 2.14a. Here we observe
only one Brillouin peak in the in-plane (black lines) and out-of-plane (red lines) VV-polarized
spectra, respectively. In contrast, two distinct acoustic phonons are resolved in the BLS spectra
of the corresponding as-cast film (Figure 2.12a). This cannot be simply attributed to the com-
plete removal of MEK solvent in the annealing process, since in the case of MEK-10% sample,
annealing has no impact on the elastic properties. Instead, we conjecture that the relaxation of
the bridging P2VP chains during annealing is at the origin of the different phonon propagation
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in as-cast and annealed PNCs. A direct implication is the improved mixing of the adsorbed and
free chains in the particle-polymer interfacial region upon annealing, leading to a much more
homogeneous medium as probed by the hypersonic waves. In other words, the local coopera-
tive chain and NP structural rearrangements during annealing diminishes the elastic impedance
contrast between the two phases in the as-cast films, leading to an effective-medium single
phonon observation. The fading out of the inhomogeneities is illustrated in the inset of Figure
2.14b and is supported by the analysis of TEM micrographs in Figure 2.9, as discussed below.
Figure 2.14: (a) VV-polarized BLS spectra of MEK-45%-Annealed for both in-plane (black)
and out-of-plane (red) phonon propagation. (b) Dispersion relation f vs. q for MEK-45%-
Annealed (green squares) and PYR-45%-Annealed (blue circles). The inset cartoon in (b)
illustrates the effective-medium phonon propagation in the annealed films.
In Figure 2.9d and 2.9e, TEM micrographs show that the silica NPs are almost uniformly
dispersed in the matrices of both as-cast and annealed samples with no obvious particle ag-
glomeration. Although it is difficult to directly characterize the local organization of NPs in
the TEM, due to limitations mentioned earlier, C(r) of the TEM images is still instructive. As
presented in Figure 2.9f, the autocorrelation curves overlap at short distances indicating the
primary particle size (∼16 nm) is the same, which further confirms the good dispersion of NPs,
without direct particle aggregates. The depletion region, characterized by the negative correla-
tion, becomes shallower and wider after annealing, suggesting that the strength of inter-particle
repulsion becomes softer but extends to a larger range. We interpret this subtle effect as an
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indication of expansion of the adsorbed layer due to the release of the bridging chains between
neighboring particles. Thus, the local interfacial structures are able to reach their equilibrium
states upon thermal annealing. This is also justified by the nearly identical sound velocity be-
tween MEK-45%-Annealed and PYR-45%-Annealed in Figure 2.14b; note that the silica NPs
are still uniformly dispersed in the P2VP hosts after annealing, as shown in Figure 2.9c. In
summary, we have shown that the local interfacial structures in both MEK and PYR-cast films
can be relaxed with relatively benign thermal annealing within a reasonable experimental time
scale. This, together with similar particle morphologies in films cast from these two different
solvents, leads to thermomechanical properties that are independent of processing history. We
will provide next more evidence for this statement by the temperature-dependent experiments.
2.3.3 Glass transitions in thermally annealed films
As noted above, the annealed silica/P2VP nanocomposites display nearly identical elastic me-
chanical properties irrespective of the casting solvent used. In glassy polymers, the value of
the high frequency elastic modulus depends on the local segmental packing, which changes at
the dilatometric glass transition temperature, Tg. We therefore anticipate that Tg should also
be independent of the choice of solvent. On the other hand, previous DSC results [25, 27]
surprisingly showed that nanocomposites consisting of silica/P2VP (with highly attractive in-
teractions) exhibit only a small increase (less than 10 K) in Tg even for particle loadings larger
than 60 wt%. We note that DSC probes the relaxation in the specific heat at relatively low rates.
Thus measuring Tg using a different probe, i.e., such as BLS, which is sensitive to local packing
and interactions, and working at much higher frequencies will provide additional support of the
moderate increase of Tg in this system.
Figure 2.15 (left) shows the temperature dependence of Brillouin peak frequencies (ex-
tracted from the BLS spectra isothermally collected at various temperatures, e.g. PYR-45%-
Annealed, as shown in the right panel of Figure 2.15) in both the glassy and rubbery states. The
Tg is defined as the temperature at the intersection of the linear dependences of the longitudinal
phonon frequency f(T ) in the glassy and rubbery states. The observation of a small Tg increase
(∼5 K) for both MEK-45%-annealed and PYR-45%-Annealed compared to the neat P2VP is
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Figure 2.15: (left) Brillouin frequencies vs. temperature within nanocomposite films obtained
from temperature-scan measurements. The solid olive lines represent the linear fitting of f vs.
T in either the glassy or rubbery state. (right) Representative Brillouin spectra of PYR-45%-
Annealed recorded in a typical T -scan measurement.
in agreement with the previous DSC results [27], implying similar interfacial dynamics after
removal of solvent-induced effects. A small deviation in Tg of the nanocomposites from that
of neat polymer was also reported in many other works [18, 20, 78, 79]. Additionally, the an-
nealed bulk P2VP polymer’s Tg by BLS (∼83 ◦C) is low compared to its calorimetric value,
i.e.,∼95 ◦C [69, 80]. Similarly, low BLS estimates have also been observed for PS and PMMA
[81]. A reason for these low BLS determined values is probably an annealing of the sample due
to the thermal equilibration prior to each temperature measurement (Figure 2.15), as it is well
recognized that Tg decreases with an increase in the extent of thermal annealing. For instance,
Efremov et al. [80] showed that, the Tg measured by a nanocalorimetry (characterized by very
high heating and cooling rates) for an annealed P2VP thin film (Tg ∼84-90 ◦C) is∼20 ◦C lower




Dispersion and Assembly in Polymer
Nanocomposites
In the previous chapter we have examined the particle dispersion in a nanocomposite where
the particle and the polymer energetically like each other, in which case a polymer bound layer
can be created on the particle surface to help disperse particles in the polymer matrices. How-
ever, in most other cases, the inorganic NPs and the organic polymer phase are energetically
immiscible. In such cases, one well-established way to facilitate their miscibility is to chem-
ically graft the particle surface with polymer chains. In a different vein, here in this chapter
we propose a practically simpler strategy to realize a homogeneous mixing of the particles and
the polymer. We modified the silica particle surface with a physically adsorbed monolayer of
polystyrene-block-poly(2-vinylpyridine) (PS-b-P2VP) copolymers (BCPs). We show that the
modified silica particles can be uniformly dispersed into a PS matrix at very low grafting den-
sity (∼0.01 chains/nm2). Going beyond that, we have also found that the dispersion state of
BCP coated silica particles can be facilely tuned by varying the PS coverage on the particle
surface. In this chapter, we shall first examine this idea using 14 nm or 50 nm spherical silica
NPs and then generalize it to elongated, “rod-like” ones (e-NPs).
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3.1 Materials, methods and systems
The system consists of silica NPs surface-functionalized by PS-b-P2VP BCPs embedded into
PS matrices from solvent casting in MEK. The particles studied include 14 nm or 50 nm spheri-
cal and “vermiform”, “cigar-shaped” elongated ones (Nissan MEK-ST-UP, 9-15 nm in diameter
and 40-100 nm in length). PS with varying molecular weights (Mw = 17.7 kg mol−1, D = 1.04;
Mw = 42 kg mol−1, D = 1.05; Mw = 106 kg mol−1, D = 1.06; Mw = 119.6 kg mol−1, D =
1.04; Mw = 174 kg mol−1, D = 1.20; Mw = 592 kg mol−1, D = 1.09; Mw = 1050 kg mol−1, D
= 1.08) and PS-b-P2VP BCPs (Mn = 148.5-b-19 kg mol−1, D = 1.05, denoted as 148.5-b-19
in the text; Mn = 110-b-12.5 kg mol−1, D = 1.09, denoted as 110-b-12.5) were obtained from
Polymer Source. PS (Mw = 393.4 kg mol−1, D = 1.16) was ordered from Scientific Polymer
Products. DLS, SLS and small angle X-ray scattering (SAXS) were combined to characterize
the size and shape of the silica particles as well as to quantify the adsorption of BCPs onto the
silica surface. For experimental details, see Appendix A.
As usual, we used solvent casting method to prepare the nanocomposite films. First, solu-
tions of 0.1 wt% silica particles in MEK were prepared by diluting the as-received stock par-
ticle suspension (∼31 wt%). The obtained particle dispersions were then mixed with varying
amounts of PS-b-P2VP. Following that, the silica/PS-b-P2VP suspensions were vortex mixed
for 24 h to ensure complete BCP dissolution. The resulting silica/PS-b-P2VP solutions were
then blended with homopolymer PS with varying molecular weights and antioxidant Irganox
(0.5 wt% relative to the polymer). The mixtures were left on a vortex mixer for another 24 h,
then poured into a PTFE petri dish and finally air-dried in a fume hood for several days. To
completely remove all residual solvents in the films and equilibrate the particle structures in the
matrices, the as-cast samples were thermally annealed for 5 days at 150 ◦C under vacuum. The
final dry composite contains 5 wt% in silica core. We then examined the particle dispersion
and assembly in the the polymer matrices using TEM and SAXS. Rheology experiments were
also performed to characterize the linear viscoelastic behavior of the resulting nanocomposite
materials. The details about TEM, SAXS and rheology are presented in Appendix A.
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3.2 Dispersion of block copolymer coated spherical silica
nanoparticles
3.2.1 Adsorption of block copolymers onto silica nanoparticles
Figure 3.1: Apparent hydrodynamic diameter (DH) of silica/PS-b-P2VP (148.5-b-19) disper-
sions in MEK vs. CP2VP. The weight fraction of silica is kept fixed at 0.1%.
Figure 3.1 presents the hydrodynamic diameter (DH) obtained from DLS on silica/PS-b-
P2VP (148.5-b-19) dispersions in MEK as a function of PS-b-P2VP solution concentration
(CPS−b−P2VP). For these measurements, the silica concentration is kept fixed at 0.1 wt%. In
the case of pure silica NPs, we found an average DH of ∼22.4 nm (Figure 3.1). Note that
the larger size obtained, relative to the geometric size of MEK-ST (∼14 ± 4 nm in diameter),
is due to polydispersity, and also because the hydrodynamic size is known to be larger than
the geometric size. With the addition of PS-b-P2VP, DH increases abruptly but then remains
essentially unchanged upon further increases of CPS−b−P2VP up to 0.4 g L−1. According to
the previous studies [45, 82], the attraction strength between silica, the polymer and the MEK
follows the order: silica/P2VP > silica/MEK > silica/PS. As a consequence, the silica NPs
adsorb a monolayer of PS-b-P2VP with the P2VP as the sticky, adsorbed block and the PS
buoy block excluded from the particle surface. This adsorption process should be self-limiting
due to the limited number of NP surface adsorption sites, giving rise to the plateau in DH at
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highCP2VP. Going further, the maximum adsorption or grafting density of PS-b-P2VP on silica
is estimated to be ∼0.01 chains/nm2 (corresponding roughly to ∼6 chains per particle) based
on the cross-over concentration (∼0.4 g L−1) where DH starts to level off, with the assumption
that all the BCPs in solution adsorb onto the particle surface [25]. These results clearly reveal
that PS-b-P2VP strongly binds to the silica surface even at low concentrations. Further, the
surface coverage of the BCP on the silica NPs can be manipulated by changing the amount
of BCPs in solution under the assumption that all the BCPs adsorb under these sub-saturated
conditions. Below we shall examine the dispersion and assembly of these BCP modified silica
particles in the chemically unfavorable PS matrices.
3.2.2 Dispersion and assembly of block copolymer coated silica nanopar-
ticles
We first examine the effect of BCP adsorption on the dispersion of silica NPs in PS matrices.
As shown in Figure 3.2, in the absence of BCPs, the silica particles form micron-sized spherical
phase separated agglomerates, presumably due to the strongly unfavorable enthapic interactions
between the silica and the PS (Figure 3.2a and Figure 3.2e). However, when the silica particles
are fully coated with BCPs, the silica particles are much better dispersed (even individually
dispersed for the 50 nm particles) in the same polymer matrices (Figure 3.2d and Figure 3.2f).
These results clearly indicate that the physical attachment of BCPs onto the particle surface
prevents particle aggregation.
Going further, we have also examined the assembly behavior of 14 nm silica particles with
intermediate amounts of PS-b-P2VP (148.5-b-19) blended with PS matrices besides of the zero
and complete adsorption. As shown in Figure 3.2, with a gradual increase of BCP coverage, the
particle morphology can be tuned from large spherical agglomerates (Figure 3.2a), small aggre-
gates (Figure 3.2b), connected/branched structures (Figure 3.2c) to mixtures of short strings and
individual particles (Figure 3.2d). Specifically, the NPs still aggregate at σ = 0.001 chains/nm2
since the average number of BCPs per particle is less than one, and hence most of the silica
surface is uncovered. However, there is a reduction in the cluster size, which can be attributed
to two facts. First, it is entropically unfavorable to confine the adsorbed chains within large
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clusters. Second, the adsorbed BCP chains, even in small amounts, provide a more miscible
interface between the particle and polymer phase, thus helping stabilize smaller clusters against
further agglomeration. Going further, at σ = 0.002 chains/nm2, where there are∼1.4 chains per
particle, we have behavior akin to patchy particles. Thus, the particles form anisotropic struc-
tures, as experimentally observed by Akcora et al. [8] and predicted by the geometric model of
Asai et al. [39]. Finally, when the silica NPs are fully adsorbed by BCPs, they are much better
dispersed in the PS matrix, forming short strings and even individual particles.
Figure 3.2: TEM for 14 nm or 50 nm silica NPs with different amounts of adsorbed 148.5-b-19
BCPs. The silica loading and PSMw is 5 wt% and 119.6 kg mol−1 for the 14 nm samples while
it is 10 wt% and 174 kg mol−1 for the 50 nm samples.
This improvement in particle dispersion can be attributed to two important facts: the wet-
table long PS chains provide interfacial miscibility with the matrix PS chains while the inner
P2VP block, which collapses to form a dense layer on the silica surface, reduces the attraction
strength between the silica cores [82]. To illustrate this point we note that the adsorption of
a 19 kg mol−1 P2VP bound layer with a thickness of ∼0.28 nm (corresponding to ∼6 chains
of 148.5-b-19 BCPs on one particle) helps significantly decrease the inter-core attraction from
∼5 kBT (for bare particles) to ∼1 kBT at an interparticle separation of 0.1 nm (note that we
assume the P2VP chains are densely packed around the silica particle, as they energetically
dislike the matrix PS chains in the melt, the detailed calculations will be presented in the next
chapter). To illustrate the importance of this P2VP layer on particle dispersion, we compare the
structures formed in the present work with those observed by Akcora et al. [8] in the case of
monomodal PS grafted silica (PS-g-silica) NPs. For instance, we see mixtures of short strings
and individual particles when embedding BCP silica particles (148.5-b-19, 0.01 chains/nm2,
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N/P = 1.30, where N and P are the degrees of polymerization for the adsorbed and matrix PS
chains, respectively) into the 119.6 kg mol−1 PS matrices. In contrast, under similar grafting
characteristics, the monomodal PS-g-silica particles form connected/sheet structures. Simi-
larly, in a matrix of 592 kg mol−1 PS, the BCP modified silica particles (N/P = 0.26) display
self-assembly into strings (Figure 3.3a3), while spherical aggregates are found for those coated
with monomodal PS brushes. These results again suggest that, as we have found previously
[83, 84], the reduction in the attraction strength between two particle cores shifts the system
towards better-dispersed phases. In fact, as will be discussed in the next chapter, the distribu-
tion of the adsorbed BCPs on the silica surface as well as the number of BCPs per particle also
plays an important role in controlling the dispersion states of the NPs.
Figure 3.3: TEM images for 14 nm silica NPs fully coated by 148.5-b-19 BCPs in PS matrices
of varying Mws. (a5) compares the C(r) of the TEM micrographs. All the samples have a
silica loading of 5 wt%.
Going further, we also note that the 14 nm silica NPs with their surfaces fully adsorbed
with BCPs are not individually dispersed even in the lowest molecular weight matrices (Figure
3.3a1 and Figure 3.3a2). We conjecture that, even at maximum BCP adsorption, some of
the P2VP is left exposed to the melt – in the previous work [82], we have found that silica
NPs with adsorbed P2VP homopolymer chains alone form large clusters when placed in a PS
matrix. Presumably, the presence of the PS blocks reduces this contact between the P2VP
and the matrix PS chains, but does not completely alleviate this issue. Finally, we have also
examined the effect of matrix chain length on the particle dispersion. As shown Figure 3.3, as
the molecular weight of the PS matrix increases, the NPs are generally more aggregated. This
structural evolution vs. matrix chain length has also been quantified by the C(r) calculations
for the TEM images (Figure 3.3a5). In cases when σ
√
N > (N/P )2, the autophobic interaction
between the matrix and the brush starts to play a role [85]. Apparently, in these high molecular
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weight matrices loosely-packed particle clusters form – however, inside the clusters we still see
the “string” motifs.
3.3 Dispersion and assembly of block copolymer coated elon-
gated silica nanoparticles
3.3.1 Nanoparticle characterization and synthesis of block copolymer
coated elongated silica nanoparticles
In this study, “vermiform”, “cigar-shaped” silica elongated NPs (e-NPs, Nissan MEK-ST-
UP, 9-15 nm in diameter and 40-100 nm in length) were used. To confirm their elongated,
anisotropic nature, we have thoroughly characterized these particles by combining TEM and
small angle scattering. The TEM image of these particles drop-cast from dilute solution (Fig-
ure 3.4a) clearly shows that they are elongated, “rod-like” but to some degree curved. Quan-
titatively, we have used both light and X-ray scattering to estimate the size and shape of the
particles probed. First, the radius of gyration RG and hydrodynamic radius RH of the particle
were estimated to be ∼38.1 nm and ∼29.5 nm, respectively (Figure 3.5a and Figure 3.5b). We
thus found RG/RH ≈ 1.3, consistent with the elongated nature of the e-NP. We also combined
SLS and SAXS to obtain the form factor of these “rod-like” e-NPs (Figure 3.4b). We fit this
data using a fractal cluster model [86] (assuming the e-NP consists of connected spheres, for
the modelling details, see Appendix B), which yields a “rod-like” NP with a radius (Re−NP)
of 5 nm, and a lognormal polydispersity of 0.25; the length (L) of the e-NP is estimated to be
equivalent to 13 spheres attached end-to-end with a fractal dimension of 1.1. Thus the length of
the particle is calculated to be∼130 nm (with an aspect ratio ξ0 of∼13), which is large relative
to the manufacturer’s estimated length. We do not have a good explanation for this unusually
long length of the e-NPs, which could possibly be due to the fact that they are not purely rods,
with some of them possessing curved or even branched shape, Figure 3.4a). However, if we
assume the particle is “rod-like” with a diameter of 10 nm and a length of 130 nm, we can
estimate its RG to be ∼37.7 nm (R2G = (2Re−NP)2/8 + L2/12), close to the value obtained
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from the Guinier fitting discussed above. This consistency provides us with more confidence
about our reported size and shape for the particles used in the current study.
Figure 3.4: (a) TEM image of e-NPs (0.02 wt%) in MEK with adsorbed PS-b-P2VP. (b) SLS
(q < 0.002 Å−1) and SAXS (q > 0.002 Å−1) intensity I(q) of 0.02 wt% e-NPs in MEK vs.
the scattering vector q. The red solid line represents a fit to a fractal model, as described in
Appendix B.
Figure 3.5: (a) Guinier plot (lnR(q) vs. q2)) for SLS of 0.02 wt% e-NPs in MEK, yielding
a RG of ∼38.1 nm. (b) Hydrodynamic diameter DH of the same particle suspension vs. the
scattering vector q.
Rather than using chemical grafting to functionalize these e-NPs, we use a method of phys-
ical adsorption that we have previously employed to mimic spherical polymer grafted NPs [82].
Specifically, we titrated the e-NPs with a BCP: 148.5-b-19 PS-b-P2VP. In this case the favor-
able interaction between the P2VP and the silica (presumably through the hydrogen bonding)
causes this block to effectively irreversibly adsorb on the silica surface [45]. We have confirmed
this strong interaction in the current system by incorporating bare e-NPs into a P2VP matrix
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and found that the particles are uniformly dispersed in the matrix. Presumably, these e-NPs are
sterically stabilized by an essentially irreversibly bound P2VP layer on the particle surface.
Figure 3.6: (a) The hydrodynamic size distribution of the e-NPs in composite dispersions in
MEK vs. CPS−b−P2VP. (b) The apparent hydrodynamic diameter vs. CPS−b−P2VP. The maxi-
mum grafting density at adsorption saturation limit is ∼0.01 chains/nm2.
To characterize the adsorption of PS-b-P2VP onto this particle, we relied on DLS. As shown
in Figure 3.6a-b, with increasing the concentration of PS-b-P2VP, the hydrodynamic size of
the test particle first jumps to a larger value and then stays essentially unchanged with further
increases in the BCP solution concentration. This suggests that the PS-b-P2VP adsorbs strongly
onto the silica surface and the process of adsorption is self-limiting, since no further adsorption
happens after the e-NP surface is fully covered by the P2VP block. The saturation of BCP
adsorption occurs at a BCP solution concentration of ∼0.75 g L−1, roughly corresponding to a
maximum grafting density of∼0.01 chains/nm2. We have ensured that the BCP adsorbed silica
NPs are stable in solution over the experimental time scales (up to 3 days). These findings also
suggest that the surface coverage of e-NPs can be facilely tuned by controlling the concentration
of BCPs in solution, thus providing a simple way to control the dispersion behavior of e-NPs
in PS matrices.
3.3.2 Self-assembly of block copolymer coated elongated silica nanopar-
ticles in polymer matrices
We examine the dispersion and assembly behavior of BCP coated silica e-NPs in 119.6 kg
mol−1 PS matrices over a range of grafting densities in the limit of sparse grafting (i.e., 0-0.01
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chains/nm2). As shown in Figure 3.7, in the absence of BCPs, the bare silica e-NPs phase
separate from the PS matrix and forms compact aggregates [Figure 3.7(I)] due to the energetic
dislike between silica and PS. By gradually incorporating increasing amounts of BCPs onto the
particle surface, visually the e-NP superstructures can be tuned from a branch-like morphology
[Figure 3.7(II)], to small clumps [Figure 3.7(III)], and finally to well-dispersed states [Figure
3.7(IV)].
Figure 3.7: (top) TEM images of self-assembled superstructures of e-NPs with a varying graft-
ing density (σ) of BCPs (148.5-b-19) in 119.6 kg mol−1 PS matrices. (bottom) The SAXS
intensity I(q) vs. the scattering vector q. The solid red lines represent fits to a fractal model










0 5 0.25 3 0.20 10 0.1 500 300
0.0013 5 0.25 1.6 0.07 10 — — > 50
0.0051 5 0.25 1.3 0.015 10 — — > 30
0.01 5 0.25 1.1 — — 0.09 70 12
Table 3.1: The fitting parameters for 119.6 kg mol−1 based nanocomposites in Figure 3.7.
Df is the mass fractal of the superstructures; ΦS(q),intra and dS(q),intra are the effective volume
fraction and center-to-center distance between the spheres within the clusters; ΦS(q),inter and
dS(q),inter correspond to inter-cluster structures; N is the number of spheres within one cluster;
“—” indicates the term is not applicable for that particular sample; also for some samples, we
cannot estimate the exact value of N as the low q scattering plateau is not reached, in such
cases we only report the minimum number of spheres in one cluster.
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As the TEM images shown in Figure 3.7 are 2-D projections of 3-D thin microtomed slices
(∼60 nm in thickness), there is difficulty in precisely defining the shape and size of the su-
perstructures formed. For example, for the dispersed sample [Figure 3.7(IV)], the “rod-like”
shape of the e-NPs becomes less observable as they are isotropically oriented within the mi-
crotomed sections and also that the thickness of these sections is much smaller than the length
of one single e-NP, thus some parts of the e-NPs are cut away during microtome. Due to these
limitations in TEM, we have therefore resorted to SAXS experiments to confirm these local
TEM observations and also to quantitatively estimate the size and shape of the self-assembled
structures formed. Figure 3.7 (bottom) shows the X-ray scattering intensity as a function of the
scattering vector. These scattering traces are well represented by a fractal cluster model and
associated Percus-Yevick structure factors (for details, see Appendix B). For these fittings, we
consider a fractal arrangement of the spherical bead building blocks of 10 nm in diameter. We
estimate the fractal dimension (Df) of the structures formed in the different nanocomposites to
be 3.0 for (I), 1.6 for (II), 1.3 for (III), and 1.1 for (IV). Additionally, the number of spherical
beads in one cluster (here we define the cluster to be either one e-NP or aggregation of e-NPs)
decreases from∼300 (for bare e-NPs) to 12 (roughly equal to the value for one single e-NP) as
the grafting density increases from 0 to 0.01 chains/nm2 (Table 3.1).
Figure 3.8: Structure factor S(q) for BCP coated e-NPs in PS matrices. The black line in (a) is
a Percus-Yevick fitting.
Interestingly, at σ = 0.01 chains/nm2, we clearly observe a structural correlation peak at
q∼0.009 Å−1 (Figure 3.8b, here the structure factor was the ratio of the scattering intensity
and the form factor of one single e-NP in Figure 3.4b), yielding a center-to-center distance of
∼69.8 nm between neighboring e-NPs. If we assume the e-NPs are randomly, individually dis-
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persed in the matrix in this case, the center-to-center distance between e-NPs (i.e. the distance
hr−r between the spheres in the middle of the neighboring e-NPs, here we consider the e-NP
composing of linearly connected spherical beads) can be estimated by:
hr−r = 2Re−NP(0.638/φsphere)
1/3 = 69.7nm
Which is approximately equal to the value we obtained from the scattering analysis. Note
that here φsphere is the volume fraction of the central spherical bead in the e-NP, which is
φe−NP/13 = 0.001885 (we know φe−NP = 0.0245 from the film formulations). Therefore, we
conclude that in these two nanocomposites, the “rod-like” particles are well dispersed in the PS
matrices. Therefore, we conclude that the e-NPs are well dispersed in this particular sample,
presumably because the outer PS block provides a miscible interface with the bulk PS phase
while the inner P2VP layer helps reduce the silica-silica attractions [43, 46, 82, 83].
Figure 3.9: (top) TEM images of BCP coated e-NPs with a varying grafting density of BCPs
in 17.7 or 393.4 kg mol−1 PS matrices. (bottom) The SAXS intensity I(q) vs. the scattering
vector q.
We have also examined the dispersion states of these BCP functionalized e-NPs in PS ma-
trices of different molecular weights (17.7 kg mol−1 and 393.4 kg mol−1) at a grafting density
of 0.0014 chains/nm2 and 0.01 chains/nm2 (Figure 3.9 and Table 3.2). As expected, at the low











0.0014 5 0.25 1.6 0.07 10 — — > 60
0.01 5 0.25 1.1 — — 0.23 70 13
0.0014 5 0.25 1.6 0.07 10 0.1 80 > 50
0.01 5 0.25 1.1 — — 0.02 63 > 15
Table 3.2: The fitting parameters for 17.7 (the first two rows) or 393.4 (the last two rows) kg
mol−1 based nanocomposites.
as confirmed by TEM images, leading to a fractal dimension of ∼1.6 for both matrices. At
the high grafting density (i.e. 0.01 chains/nm2), although the fractal dimension is roughly the
same (i.e. 1.1) for all matrices, the TEM images show that the particles are well dispersed in
the 17.7 kg mol−1 matrix [Figure 3.9(II)] but they start to aggregate in the 393.4 kg mol−1
matrix [Figure 3.9(IV)] with an inter-particle distance (∼62.8 nm, Figure 3.8c) smaller than
that expected for well-dispersed systems (∼69.7 nm). Moreover, the SAXS data shows that
the size of the clusters in 17.7 kg mol−1 matrix is the same with that of one single e-NP but
is much larger for clusters in 393.4 kg mol−1 matrix (Table 3.2). Presumably, this should be
attributed to the interfacial autophobic effect as the matrix chains become much longer than the
brush in the high molecular matrix (i.e. σ
√
Nb > (Nb/Nm)
2 [85], where Nb and Nm are the
chain length of the PS brush and matrix respectively). Collectively, these results, particularly
the scattering analyses, which quantify the progression of structures seen in the TEM, parallel
the well-established structural motifs that were seen in the case of spherical NPs [8].
Now we reconcile our findings by estimating the PS surface coverage (S∗) over the e-
NPs at varying grafting densities using a geometric model that had been proposed for polymer
grafted spherical NPs [39]. We have found the S∗ for the four samples in Figure 3.7 to be
0 (σ = 0 chains/nm2), 0.1 (σ = 0.0013 chains/nm2), 0.33 (σ = 0.0051 chains/nm2) and 0.56
(σ = 0.01 chains/nm2), respectively (for detailed calculations, please refer to Appendix B).
As expected, as the grafting density increases, the effective PS surface coverage of the e-NP
surface increases accordingly, thus the particle core-core attraction is increasingly screened and
improved particle/polymer miscibility results. More importantly, we find that the PS surface
coverage is less than 50% for the two nanocomposites possessing lower grafting densities.
Hence, in these systems the BCP modified e-NPs should behave akin to surfactants, i.e., some
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parts of the particle surface are covered by the grafted chains (“hydrophobic”), while the others
are still bare silica surface (“hydrophilic”). Going further, as the e-NPs are “rod-like”, the
particle-particle contact could be “end-to-end”, “side-to-side” or “end-to-side”, thus explaining
the various superstructures we have observed in Figure 3.7 and Figure 3.9 (e.g., the branched
structures should presumably result from “end-to-side” connections of the e-NPs).
3.3.3 Mechanical properties of self-assembled nanocomposites
Finally, we show mechanical properties, i.e., the linear viscoelastic behavior, of these compos-
ites in Figure 3.10. For reference, we start from the neat PS matrix. At high frequency (e.g.,
100 rad/s), as expected, we observe a plateau in the storage modulus (G′), corresponding to
chain entanglements in the high molecular weight polymer melt. At low frequencies, the G′
and G′′ (loss modulus) respectively vary as ∼ ω−2 and ∼ ω−1, consistent with the liquid be-
havior of polymers at slow rates of deformation. With silica e-NPs added, first, we see that for
all the composite materials, the PS melts are reinforced over all the frequencies covered. At
high frequencies, the increase in G′ is generally attributed to the hydrodynamic effect due to
the presence of nanofillers [87]. At low frequencies, as observed previously [17, 48, 88], the PS
melts experience even stronger reinforcement, with the system relaxation markedly retarded.
In fact, we start to see a second plateau in G′ which is presumably attributed to formation of
percolating network throughout the material where the particles are bridged by the PS brush
chains [55].
Using the structural parameters deduced from SAXS analysis, we can determine the ef-
fective volume fraction of the overlapping clusters φcluster = φsilica/κ, where φsilica = 2.5
vol% is the silica volume fraction and κ is the compactness of the cluster defined as κ =
NR3e−NP/R
3
e−cluster (N is the number of spherical beads in one cluster, Re−NP = 5 nm is
the radius of one bead and Rcluster is the radius of one cluster calculated from Rcluster =
Re−NPN
1/Df ). From here, we found φcluster = 2.5 vol%, 77 vol% and 183 vol% respectively for
the grafting densities σ = 0, 0.0013 and 0.01 chains/nm2. These calculations indicate that there
is no structural percolation for the aggregated sample (σ = 0 chains/nm2) while for the highest
grafting system (σ = 0.01 chains/nm2) the e-NPs are already structurally percolated throughout
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Figure 3.10: Linear storage (G′, open circles) and loss (G′′, open diamonds) modulus vs. angu-
lar frequency (ω) at 180 ◦C for 119.6 kg mol−1 PS melts loaded with 5 wt% silica e-NPs coated
by varying amounts of BCPs (148.5-b-19).
the material (φcluster > 1). This is consistent with the observation in rheology that G′ shows
a plateau in the low frequency regime. For the intermediate grafting (σ = 0.0013 chains/nm2),
although φcluster is still less than one, the rheology measurements suggest the formation of net-
work structures in the material. This can be reconciled by the fact that the exact number of
spherical beads in one cluster could be much larger than 50 (this is beyond the resolution of
SAXS in the low q regime), so φcluster should be larger than 77 vol% and most likely go beyond
one. More interestingly, we have clearly shown that different assembled particle morpholo-
gies lead to different mechanical properties. Specifically, the branch-like structure gives rise to
largest mechanical reinforcement, as compared to the cases when the particles are aggregated
or dispersed (e.g., at ω = 0.003 rad s−1, G′ = 340, 6392 and 4679 Pa respectively for σ = 0,
0.0013 and 0.01 chains/nm2). These results are consistent with those found in the system where
the spherical polymer grafted NPs are used, in which case the optimal particle structure for the
mechanical behavior in the molten state is the sheet/connected superstructure [55].
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Chapter 4
Role of Block Copolymer Adsorption
versus Bimodal Grafting on Nanoparticle
Self-Assembly in Polymer Nanocomposites
Recently both simulation and experiments have demonstrated that grafting the particle surface
with bimodal polymer brushes can significantly improve the particle dispersion. In this case,
the sparsely grafted, long brush provides a miscible interface with the bulk polymer while the
densely grafted, short brush helps reduce the inter-particle core-core attractions. Following
similar spirits, in Chapter 3, we have clearly shown that the idea of reducing inter-particle at-
traction and allowing for the favorable mixing of the brush and the matrix chains can also be
facilely achieved with physical adsorption of BCPs onto the particle surface. Here in this chap-
ter [89], we contrast these two different methods: in addition to BCP (PS-b-P2VP) approach
discussed in Chapter 3, we will use mixed bimodal brush grafted NPs, with a short dense P2VP
brush used to reduce inter-core attractions and a long PS brush to improve the miscibility with
the matrix. This chapter is organized as follows: we shall first re-visit the self-assembly of
monodisperse versus bidisperse polymer grafted NPs in which case the mixed bimodal PS-
P2VP brushes are used. Following that, we shall compare the dispersion behavior as well as its
consequence on the viscoelastic properties between particles chemically grafted with bimodal
brushes and those physically attached with BCP molecules.
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4.1 Materials, methods and systems
In this chapter we shall discuss four particles with different surface modification (physical
adsorption of BCPs (I), monodiperse PS brush (II), bidisperse PS-PS brush (III) and bidisperse
PS-P2VP brush (IV)) but sharing the same silica core (Nissan MEK-ST, 14 nm in diameter).
We compare the assembly behavior of all these particles in common PS matrices. The data for
the systems (II) and (III) will be directly referred to the literature. The materials and methods
for system (I) have been described in the previous chapter.
Here we focus on system (IV). The synthesis of the bimodal PS-P2VP grafted NPs is
briefly discussed here [41]. First, silica NPs in MEK were diluted in THF and functional-
ized with octyldimethylmethoxysilane (to improve dispersibility) and subsequently with 3-
aminopropyldimethylethoxysilane. The amine groups in the attached silane molecules were
used to anchor activated 4-cyanopentanoic acid dithiobenzoate (Activated CPDB: 2-cyano-5-
oxo-5-(2-thioxothiazolidin-3-yl)pentan-2-yl benzodithioate), the chain transfer agent (CTA).
The density of the attached CTA was determined using a UV-vis calibration curve constructed
from standard solutions of free CPDB. These particles were subsequently surface polymer-
ized with 2-vinylpyridine monomer, precipitated into hexanes and re-dispersed in THF. An
aliquot of particles was set aside and the chains were cleaved using hydrofluoric acid in water
to avoid the precipitation of the polypyridinium salt. After pH neutralization and extraction
with dichloromethane (DCM) and evaporating the solvent, the molecular weight and dispersity
of the grafted chains were analyzed using a Polymer Laboratories PL-GPC 120 gel-permeation
chromatograph (GPC) calibrated with polystyrene standards. Azobis(isobutyronitrile) (AIBN)
was used to cleave the RAFT agent off the first population to prevent further reaction during
the growth of the second population. The particles grafted with the P2VP short brush were
then re-functionalized with 3-aminopropyl dimethyl ethoxysilane and reacted again with acti-
vated CPDB. The density of the second population of the attached CTA was also determined
using UV-vis. The second long brush PS population was surface polymerized using styrene
monomer, following the same procedure described above. A small sample was vacuum-dried
and analyzed on a TGA to confirm the chain density of the second brush. The resulting bimodal
polymer brush coated NPs were dispersed in THF and the molecular weight and dispersity (D)
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were determined using GPC.
We have thus synthesized three mixed bimodal PS-P2VP grafted silica NPs, with the graft-
ing characteristics (chain length Mn and dispersity D) presented in Table 4.1. Note that for
the synthesis of these particles, we have adopted a two-step “grafting from” strategy: thus, we
expect the P2VP and PS brushes are randomly mixed on the silica surface, instead of being
phase separated into discrete domains. There, however, is no currently available experimental
technique that allows us to characterize this mixing.
Type P2VP block/brush PS block/brush nomenclature
Mn D σP2VP Mn D σPS
Bimodal 7 1.14 0.18 155 1.4 0.11 BM-0.11-155
Bimodal 6 1.09 0.18 157 1.4 0.05 BM-0.05-157
Bimodal 7.5 1.15 0.18 104 1.4 0.02 BM-0.02-104
BCP 19 1.05 0.01 148.5 1.05 0.01 BCP-0.01-148.5
BCP 12.5 1.09 0.01 110 1.09 0.01 BCP-0.01-110
Table 4.1: The grafting characteristics and nomenclature of silica NPs coated by either physi-
cally adsorbed BCPs or chemically functionalized bimodal brushes.
Nanocomposite films were prepared using the solvent casting method. First, the synthe-
sized particle solutions were diluted by THF to make a silica core weight fraction of 0.1%
(note that prior to mixing with the PS homopolymers, we confirmed the stability of the grafted
particle in THF using SAXS/SANS). The resulting particle solutions were then blended with
homopolymer PS of a desired molecular weight and antioxidant Irganox (0.5 wt% relative to
the polymer). The mixtures were left on a vortex mixer for 24 h, then poured into a PTFE petri
dish and finally air-dried in a fume hood for several days. To completely remove all residual
solvents in the films and equilibrate the NP structures in the matrices, the as-cast samples were
thermally annealed for 5 days at 150 ◦C under vacuum. The final dry nanocomposite con-
tains 5 wt% in silica core. TEM was used for characterizing the particle dispersion in the bulk
nanocomposite films and rheology was performed to examine the linear viscoelasticity of the
resulting nanocomposite materials in the molten state.
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4.2 Dispersion and assembly of bimodal PS-P2VP grafted
particles
4.2.1 Bimodal grafted particle dispersion in solution
Before investigating the spatial organization of bimodal PS-P2VP grafted silica NPs in PS
matrices, we first need to ensure that they are individually dispersed in THF solution. To that
end, we performed small angle neutron and X-ray scattering experiments on suspensions of
these particles in THF (0.1 wt% in silica core) – since the primary contrast is between the silica
core and the grafts/solvent, we are primarily sensitive to the core size and spatial dispersion of
the particles. We find that the scattering curves are well represented by a polydisperse sphere
form factor with a radius of ∼7 nm and a lognormal dispersity of 0.25-0.3. This is consistent
with the value measured by TEM (∼7±2 nm in radius) and manufacturer specifications (10-15
nm in diameter), indicating homogeneous dispersion of silica NPs.
Figure 4.1: Scattering intensity I(q) vs. the scattering vector q for bimodal PS-P2VP grafted
silica NPs in THF (0.1 wt% in silica core): (a) BM-0.11-155, from SANS; (b) BM-0.05-157,
from SANS; (c) BM-0.02-104, from SAXS.
4.2.2 Dispersion of bimodal PS-P2VP grafted particles in polymer matri-
ces
Figure 4.2 presents TEM images of nanocomposites loaded with bimodal PS-P2VP brush
coated silica particles with varying graft densities of the long PS chains in PS matrices of
different molecular weights. We first show that, as expected, the particle dispersion is greatly
improved with an increase in the PS grafting density. For instance, in a 42 kg mol−1 PS matrix
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(first column in Figure 4.2), we observe thick strings mixed with vesicle-like structures at a low
grafting density (σPS = 0.02 chains/nm2, or ∼12 chains per particle; Figure 4.2c1); at σPS =
0.05 chains/nm2 (or ∼31 chains per particle), small aggregates consisting of 3-6 primary parti-
cles form (Figure 4.2b1), while at σPS = 0.11 chains/nm2 (or∼68 chains per particle), the silica
particles are nearly individually dispersed (Figure 4.2a1). Note that similar trends in particle
dispersion were also found in the other PS matrices (second to fourth column in Figure 4.2).
To quantify the change in particle dispersion as a function of PS grafting density (σPS), we
also digitized the TEM images, appropriately thresholded them and then calculated their pixel-
pixel autocorrelation function, C(r) (Figure 4.3a-d). This image analysis shows that, as σPS
decreases, the deviation from the initial slope in C(r) occurs at a shorter distance, indicating
increased particle clustering. In general, our findings can be attributed to the fact that, as the
grafting density increases, the effective PS surface coverage of the particle surface increases.
Thus, core-core attraction is increasingly screened and improved miscibility results. Here we
note that, the BM-0.02-104 has shorter PS brushes than the other two particles. Previous work
has shown that equivalent behavior results across silica NPs with different grafting density and
chain lengths so long as we examine trends as a function of σPS
√
N (whereN is the graft chain
length) [5]. The lower molecular weight of the PS brush in the last bimodal particle, relative to
the other two NPs, could possibly enhance the degree of NP aggregation but should not yield
new physics.
We have also examined the effect of matrix chain length on the spatial distribution of NPs.
As shown in Figure 4.2 (first row), at σPS = 0.11 chains/nm2, the particles show increasing clus-
tering with increases in the matrix PS molecular weight. This structural evolution as a function
of matrix chain length is more pronounced at σPS = 0.05 chains/nm2 (second row in Figure
4.2). In this case, small clusters (or clumps) form in low molecular weight matrices (Figure
4.2b1 and 4.2b2); strings appear at intermediate chain length (Figure 4.2b3), and micron-sized
agglomerates are observed for even longer matrix chains (Figure 4.2b4). These trends in parti-
cle dispersion vs. matrix chain length are supported by C(r) calculations (Figure 4.3e-f). As
shown there, in matrices with smaller molecular weight (42 kg mol−1 and 106 kg mol−1), we
see a depletion “hole” at short distances, indicating repulsion between the particles or small
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Figure 4.2: TEM micrographs for bimodal PS-P2VP grafted or BCP adsorbed silica NPs in PS
matrices of varying molecular weights. All nanocomposites contain 5 wt% in silica core.
clumps of the particles. In contrast, in higher molecular weight matrices (592 kg mol−1 and
1050 kg mol−1), C(r) is essentially positive for all distances covered, indicating increased ag-
glomeration. These findings are entropically driven, i.e., as a result of the autophobic dewetting
of the matrix from the brush. Inspired by arguments presented in the case of planar brushes
we suggest that when σPS
√
N < (N/P )2 (where P is the matrix chain length), the favorable
entropy resulting from mixing the matrix with the long PS brush leads to an effective repulsion
between the particles, as indicated by a correlation hole in C(r). In the opposite case where
σPS
√
N > (N/P )2, particles are attracted to each other as the brush chains are not soluble in
the matrices. In this same spirit, at σPS = 0.02 chains/nm2, the particle assemblies evolve from
thick strings and vesicles in a 42 kg mol−1 matrix (Figure 4.2c1) to large spherical aggregates
at higher molecular weights (Figure 4.2c3 and 4.2c4).
Going further, two more interesting things are noted from Figure 4.2. First, we see a variety
of new structures formed by these bimodal grafted NPs. For example, strings form when bi-
modal brush coated silica NPs (BM-0.05-157) are placed in a 592 kg mol−1 PS matrix (Figure
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Figure 4.3: C(r) vs. distance for TEM images of nanocomposites containing bimodal brush
coated silica particles with varying PS grafting densities in PS matrices of different molecular
weights.
4.2b3); thick strings and vesicles form when BM-0.02-104 is placed in 42 kg mol−1 or 65 kg
mol−1 PS (Figure 4.2c1); clumps form when BM-0.05-157 is placed in 42 kg mol−1 or 106 kg
mol−1 PS matrices (Figure 4.2b1 and 4.2b2). These results are new since previous work on bi-
modal grafted particles found only particle dispersion or macrophase separation (see below for
more on this topic) [42, 90]. In the previous work, the short brush, the long brush and the matrix
were chemically identical. The short brush therefore serves to (strongly) reduce the effective
core-core attraction. In our case, as in this previous work, the P2VP brush also mediates core-
core attractions by increasing the minimum approach distance of the particles [82]. However,
as we shall show below (Figure 4.6), the repulsion between the P2VP chains and the PS matrix
52
serves to increase the effective inter-core attractions, but not as much as to be comparable to the
bare silica case. These relatively stronger attractions yield these new self-assembled structures
[84]. Another interesting point is that, the large agglomerates formed by BM-0.05-157 parti-
cles in a 1050 kg mol−1 matrix have more open, loosely-packed morphologies compared to the
ones consisting of BM-0.02-104 particles (Figure 4.2b4 vs. Figure 4.2c4). This is presumably
a consequence of the balance between enthalpy gain from core-core contacts and the entropy
loss due to deformation of the long PS brushes. In other words, at σPS = 0.05 chains/nm2, the
number of grafted PS chains is still large enough to create an energy barrier for particles to
collapse into a compact cluster. In contrast, at σPS = 0.02 chains/nm2, the core-core interaction
dominates so that the small numbers of PS brush chains can be more readily squeezed into the
interparticle spaces. Alternatively, other factors, associated with non-uniformity of the grafting
process might play a role. One possibility is the fluctuation in the number of PS brush chains
among various silica NPs (especially at σPS = 0.02 chains/nm2), as discussed by Hakem and
coworkers [91]. A second possibility is the anisotropic coverage of the particle by the graft
chains, an effect that causes these sparsely grafted NPs to act akin to Janus particles [92].
4.3 Self-assembly of monodisperse versus bidisperse
polymer-grafted nanoparticles
Based on the TEM micrographs shown in Figure 4.2, we construct a morphology diagram
for bimodal PS-P2VP silica NPs in PS matrices (Figure 4.4). Depending on the graft density
of the PS brush and the grafted/matrix PS chain length ratio (N/P ), the particle structures
formed in the PS matrices are classified as dispersed, clump & string, thick string & vesicle
and aggregates. Below we shall compare this self-assembly behavior to particles grafted with
monomodal PS (II) (Figure 4.5a).
First, the regions for the extreme cases of well dispersed NPs (“Dispersed”) and complete
phase separation (“Aggregate”) are similar between these two systems. However, our previous
work has suggested that the sheet-like structure observed for monomodal brushes in fact cor-
responds to a directionally phase separated state [24]. In contrast, the BM-0.05-157 particles
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Figure 4.4: Experimental morphology diagram of bimodal PS-P2VP tethered silica NPs mixed
with PS matrices.
self-assemble into strings in a 592 kg mol−1 PS matrix (the corresponding monomodal analog
forms connected sheets or phase separated state, Figure 4.5a). This immediately suggests that
the dense P2VP carpet reduces the effective core-core attraction, making particles generally
more miscible (dispersed) compared to the monomodal PS brush case. A straightforward cal-
culation suggests that the London dispersion forces (“Hamaker interactions”) between a pair
of silica cores reduces from ∼5 kBT (monomodal) to ∼0.4 kBT (bimodal) at an inter-particle
separation of 0.1 nm (Figure 4.6). These results suggest that, even though anisotropic particle
superstructures can still form from the mixed bimodal brush coated particles, apparently the
reduced attraction strength between silica cores reduces the region in parameter space where
these structures form. This “suppression” of the regime where self-assembled structures form
was previously anticipated by the theoretical work of Pryamtisyn and coworkers [84].
Next we compare the dispersion behavior of bimodal PS-P2VP (IV) tethered silica particles
and bimodal long PS-short, densely grafted PS (III) tethered silica particles in PS matrices.
As shown in Figure 4.5b (also see Figure 4.2b1 and 4.2b2), we observe clumps when the
BM-0.05-157 (PS-P2VP) particles are placed in a 42 kg mol−1 or 106 kg mol−1 PS matrix,
while bimodal PS-PS particles with similar grafting characteristics (for short PS brush, Mn =
7.2 kg mol−1, σPS = 0.18 chains/nm2; for long PS brush, Mn = 118 kg mol−1, σPS = 0.047
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Figure 4.5: (a) Compare the dispersion morphology diagram of silica NPs coated by
monomodal PS and bimodal PS-P2VP brushes in PS matrices. The red dotted lines are for
the monomodal PS grafted system from Ref. [8]. (b) Plot of the particle structures of the bi-
modal PS-PS coated silica NPs in PS matrices (the black diamonds, all well dispersed) from
Ref. [42] in the bimodal morphology diagram constructed in Figure 4.4.
chains/nm2 from Ref. [42]) are well dispersed in PS matrices of 190 kg mol−1. This result
can be reconciled by the much weaker core-core attractions in (III) as compared to (IV) , as
shown in Figure 4.6. Interestingly, very recently Ferrier and coworers [93] have shown that
gold nanorods grafted with mixed, bidisperse polymer brushes are much better dispersed than
their bidisperse homopolymer analogs in the same polymer matrices. This previous work used
the high grafting density regime for both brushes (>0.24 chains/nm2), where the inner brush
should be completely shielded by the outer grafts. Also, as the chain length of the two brushes
are comparable, this work suggests that the short grafted chains force the longer ones to be
more stretched and thus promote miscibility with the matrix chains. In contrast, in our system,
as the PS grafting density is significantly smaller and its chain length is much longer than P2VP,
the core-core attraction still plays an important role and we would expect negligible change in
the conformation of PS chains. Therefore, we believe that different mechanisms control NP
dispersion behavior in these two limits of high and low grafting density, respectively.
Finally, we focus on the formation of the interesting structures (thick strings and vesicles)
when placing BM-0.02-104 particles into a 42 kg mol−1 PS matrix (Figure 4.2c1). The strings
(open or closed) formed have a typical thickness of ∼100 nm (∼7-8 particles wide). Appar-
ently, the particle-particle attraction dominates even in such cases where the long PS brush (104
kg mol−1) favorably interacts with the matrix chains. Also, we believe that this could be due
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Figure 4.6: Inter-particle core-core London dispersion potential (V/kBT ) vs. separation (h)
between the outer layers of the particles. Note that the surface layer for both P2VP and PS
comprises 7 kg mol−1 chains with a grafting density of 0.18 chains/nm2, yielding shell thick-
nesses of 1.54 nm and 2.09 nm, respectively.
to the inherent fluctuation in both the number of chains among various particles as well as the
distribution of grafted chains on one single particle, especially in the limit of sparse grafting.
In fact, recent simulation, theory and experiments suggest that, for small number of grafts,
their spatial distribution on spherical NPs is anisotropic and asymmetric [39, 92, 94]. On the
other hand, Hakem and coworkers [91] reported that, in the case of small number of functional
sites per particle, the distribution in the number of ligands on various particles significantly
broadens. Additionally, we also note that the polydisperse size of the silica core might also
contribute to the polydispersity in the grafting density of different particles. These facts, in
combination, allow us to conjecture that the particles with small number of grafted PS chains
prefer to be placed in the interior of the thick strings or vesicles, while those with larger number
of grafts can favorably interact with the PS matrix, thus decorating the outside of the clusters.
Moreover, we recall that these new structures are not observed in the monomodal system, even
at lower grafting densities (e.g., 0.01 chains/nm2 as shown in Ref. [8]). Apparently, the for-
mation of these more complicated structures require weaker effective attractions between silica
cores which allows the structures to re-organize more readily. In contrast, the monomodal PS
coated particles have much stronger core-core attractions and thus are much more easily ki-
netically trapped once they touch each other. Interestingly, similar microscale string-like NP
assemblies were previously observed in side chain fullerene polymers [95]. However, the un-
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derlying physics responsible for formation of these interesting NP morphologies is still not
clear. Current efforts (both experiments and simulations) are in progress to understand the
general mechanisms responsible for these more complex self-assembly processes.
4.4 Bimodal grafting versus block copolymer adsorption
Now we compare the dispersion and assembly of BCP vs. BM NPs with similar grafting
characteristics in the same PS matrices. As shown in Figure 4.2 (third row vs. fourth row)
and Figure 4.7, the BCP particles (BCP-0.01-148.5) are remarkably better dispersed than those
grafted with bimodal brushes (BM-0.02-104) over a broad range of matrix molecular weights
(42 kg mol−1 to 1050 kg mol−1). To ensure that the observed morphological difference in
these two systems is not due to the slight difference in the molecular weight of the tethered
PS chains (148.5 kg mol−1 vs. 104 kg mol−1), we have also examined the dispersion of silica
particles coated by a BCP with a similar chain length for the PS block (110 kg mol−1) and
found essentially the same results.
Figure 4.7: Comparison of the dispersion state of BCP particles with that of BM particles
in PS matrices. The diagram is constructed from Ref. [83]. The symbols correspond to the
BCP coated silica particles, which assemble into different morphologies, including “Clump &
string” (red circles), “Connected structure” (purple stars) and “Aggregate” (green diamonds).
Two facts are noted here. First, the thickness of the P2VP layer around each particle in
the bimodal case is much larger than that where BCP is used (∼1.63 nm for BM-0.02-104 vs
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Figure 4.8: (a) Illustrating the difference in the process of particle synthesis. (b) Comparison
of particle dispersion and linear viscoelasticity of 106 kg mol−1 PS melts filled with 5 wt%
(silica core) BCP-0.01-148.5 and BM-0.02-104 silica particles. Note that the black spheres
are silica cores; the red and green lines correspond to the P2VP and PS chains, respectively.
The plot on the right presents master curves of the storage modulus (G′) vs. angular frequency
(aTω) for 106 kg mol−1 PS melts as well as those loaded with the two particles. The reference
temperature is 200 ◦C. The inset plots the G′ at a frequency of 1 rad s−1 for the three samples.
∼0.28 nm for BCP-0.01-148.5, assuming the P2VP chains are completely collapsed onto the
silica surface). As a consequence, we expect a smaller attraction between silica cores in the
bimodal system. Second, the PS grafting density of the bimodal particles is about twice that of
the BCP tethered ones. Both of these results would imply that the BM particles should be better
dispersed than the BCP ones. This is opposite to what we find experimentally. To reconcile
these facts we conjecture that the bimodal brush grafted particles expose more of the P2VP to
the PS matrix than the BCP ones, even though on average they have higher grafting densities
of the PS brush. We note that the BM brushes are grown from, presumably, randomly chosen
surface sites (Figure 4.8a, bottom). Inspired by past theories, simulations and experiment [39,
92, 94, 96, 97], we postulate that, at low grafting density and long grafts, the coverage of PS
chains grown in this fashion on the particle surface is anisotropic and asymmetric. Moreover,
as discussed by Hakem and coworkers [91], polydispersity effects in the number of grafted
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chains per particle add to this anisotropy. In contrast, in the case of BCPs, the chains are
“grafted” to the surface by the adsorption of the P2VP segments. Since the BCP adsorption
proceeds till the P2VP completely occupies the surface sites, it is clear that the silica particles
should be fully coated by the P2VP block of the BCP chains at a density of 0.01 chains/nm2.
As suggested in Figure 4.8a (top) this should lead to a more uniform PS surface coverage of
the silica particles. These ideas are consistent the fact that the BCP modified particles are
significantly better dispersed in the PS matrices as compared to the ones sparsely grafted with
mixed bimodal brushes under comparable grafting parameters. To further bolster this idea,
we have shown that, to obtain similar particle dispersion states for the adsorbed and grafted
systems requires us to increase the grafting density of the BM PS brush to a density of ∼0.05
chains/nm2 (the second row of Figure 4.2).
Figure 4.9: G′ vs. ω at 200 ◦C for 592 kg mol−1 PS melts as well as those loaded with 5 wt%
bimodal brush or BCP coated silica particles. The inset plots the G′ at ω = 0.01 rad s−1 for the
three samples.
With the dramatic difference in the dispersion states between these two systems, it would be
interesting to examine the impact of this morphological difference on the mechanical properties
of the the resulting nanocomposite materials. To this end, we have conducted linear viscoelastic
measurements on neat PS melts as well as those filled with the particles of BM-0.02-104 and
BCP-0.01-148.5 (Figure 4.8b, Figure 4.9 and Figure 4.10). First, as expected, with added NPs,
the storage modulus (G′) of the two composites are higher than that for the neat PS melts at
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Figure 4.10: G′ and G′′ vs. ω for (a) 106 kg mol−1 and (b) 592 kg mol−1 PS melts as well as
their corresponding nanocomposites. The reference temperature is 200 ◦C. Also note that the
nanocomposites have a silica core loading of 5 wt% and had been annealed for 5 days at 150
◦C under vacuum.
all frequencies considered. This reinforcement becomes most pronounced at the smallest rates
of deformation [17, 55]. For instance, in a 106 kg mol−1 matrix (ω = 1 rad s−1), the G′ for
neat PS is 25 Pa while it is 133 Pa and 534 Pa for samples filled with BM and BCP tethered
particles, respectively (inset of Figure 4.8b); similarly, in a 592 kg mol−1 matrix (ω = 0.01
rad s−1), the G′ is 394 Pa, 532 Pa and 1714 Pa for these three samples (inset of Figure 4.9).
More interestingly, we note that the nanocomposites loaded with BCP particles are much more
reinforced than those filled with bimodal brush coated ones (e.g., ∼4 times larger at ω = 1 rad
s−1 in 106 kg mol−1 melts). This low-frequency reinforcement occurs even below the particle
percolation threshold (as evidenced by the fact that G′′ > G′ at low frequencies, see Figure
4.10) probably reflecting either the slowing down of matrix chain relaxation as a result of the
interaction between the grafts and the matrices or due to confinement effects [55, 87]. As the
BCP tethered particles are more homogeneously dispersed in the matrices, they should magnify
both these effects, thus leading to larger reinforcement as compared to the bimodal case. Our
results again suggest that the dispersion states of NPs in the host polymers are critical to the




Role of Filler Shape and Connectivity on
the Viscoelastic Behavior in Polymer
Nanocomposites
In previous chapters, we have investigated the dispersion and assembly of both spherical and
elongated silica NPs in polymeric matrices. In the current chapter we shall study another silica
particle with a primary fractal shape (fumed silica) and then examine the role of particle size,
shape, connectivity on the rheological behavior of the resulting PNCs.
5.1 Materials, methods and systems
The solvent, N,N-Dimethylformamide (DMF, anhydrous, 99.8%) was purchased from Sigma-
Aldrich. The colloidal (MEK-ST, 10-15 nm in diameter, denoted as “Nissan-ST”) and fumed
(TS-610, surface treated with dimethyldichlorosilane, with an average aggregate length of 200-
300 nm and a specific surface area of 125 m2/g) silica NPs were donated by Nissan Chemical
Industries and Cabot, respectively. Note that both particles are partially surface treated but still
have silanol groups available at the surface. Nanocomposite films were prepared by co-casting
composite dispersions consisting of TS-610 or Nissan-ST silica NPs and P2VP dissolved in
DMF or MEK, following the protocol described earlier. In the case of TS-610, the as-received
powered fumed silica NPs was first dissolved in DMF and then subjected to bath sonication for
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2 min prior to mixing with the polymer solution. In order to provide precisely identical sample
history and completely remove all the residual solvents in the films, a well-defined annealing
procedure was adopted: 2 days at 80 ◦C, then 5 days at 150 ◦C and finally 2 h at 180 ◦C, all
under vacuum. DLS and SLS were used to characterize the size, shape of the TS-610 fumed
particles. Thermogravimetric Analysis (TGA) was used to estimated the thickness of bound
P2VP layer on the silica surface. Finally, TEM and rheology were performed to examine
the structure of NPs in the polymer matrix and the role of particle shape, connectivity on the
viscoelastic behavior of the resulting PNCs. For experimental details of DLS, SLS, TGA, TEM
and rheology, please refer to Appendix A.
In this chapter we shall study four different classes of PNCs. The first two are formed,
respectively, from two kinds of silica NPs and P2VP as the matrices. In the first case we used
TS-610 as the nanofiller. TS-610 was received in a powder form, which contains fused clusters
of primary spherical particles of∼10-20 nm diameter [52, 98]. These clusters or aggregates are
the primary structure of TS-610 – these cannot be broken up during the solvent casting process
as the primary particles inside one cluster are fused together. Due to the manufacturing process,
these particle clusters exhibit a large specific surface area and a fractal structure. Second,
we used colloidal spherical silica NPs, i.e., Nissan-ST, with a diameter of 14±4 nm. The
Nissan-ST particles are dispersed in MEK where they are stabilized against agglomeration
by negative surface charges. According to the previous studies [25, 33, 45], the favorable
interaction between silica and P2VP facilitates the formation of a bound polymer layer in the
melt. Note that the entanglement molecular weight (Me) of P2VP is ∼27 kg mol−1 [99, 100],
and the unperturbed radius of gyration (RG) for a 105 kg mol−1 P2VP is ∼7.7 nm (RG =
6−1/2bN1/2), with b = 0.6 nm and N = 1000). The third and last system we shall discuss are
Nissan-ST particles grafted with PS chains and BCP tethered elongated silica NPs in the PS
matrices – in contrast to the P2VP, the matrix PS in these two cases does not have a favorable
interaction with the silica and hence does not form a bound layer.
62
5.2 Characterization of TS-610 fumed silica and its interac-
tion with P2VP
Figure 5.1: (a) The effective diffusion coefficient Deff vs. q2. (b) The characteristic decay time
τ for scattering intensity autocorrelation function vs. q for a TS-610 suspension in DMF with a
weight fraction of 0.13%.(c) The Rayleigh ratio R(q) vs. q for a 0.13 wt% TS-610 suspension
in DMF. (d) The same data in (c) is re-plotted as ln(R(q)) vs. q2.
We first combine DLS/SLS to examine the structural properties of TS-610 and also its sta-
bility in the casting solvent DMF. Due to the fractal, anisotropic nature of TS-610, the effective
diffusion coefficient depends on the scattering vector q. An extrapolation to zero q gives a
hydrodynamic radius (RH) of ∼164 nm (Figure 5.1a) [101]. For the same reason, the char-
acteristic time τ varies as q−2.25±0.015 instead of the q−2 dependence expected for a purely
translational, diffusive process (Figure 5.1b). In other words, the progressive contribution of
the rotational diffusion to the relaxation of the intensity correlation function at higher q leads
to a faster decay in τ with q. Additionally, using SLS (Figure 5.1c-d), we found (i) the fractal
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dimension of TS-610 is ∼1.8, a typical value for structures formed by a diffusion-limited clus-
ter aggregation process [102] and (ii) the RG of TS-610 is∼170 nm obtained from a Guinier fit
in the low q regime [101]. Note that RG/RH ∼ 1.04 is consistent with the elongated character
of this particle. Finally, we stress that the suspensions of TS-610 in DMF are temporally stable
over our experimental time scale.
We then characterize the interaction between TS-610 and P2VP in nanocomposites, as this
is critical to both the NP dispersion and the reinforcement mechanism. Presumably, as TS-
610 is only partially treated, i.e., many surface silanol groups are still present, it can interact
strongly with the P2VP chains (hydrogen bonding or other polar interactions) [78, 79] and
thereby create a bound polymer layer at the particle surface. To justify this, we measured
the quantity of the bound polymer on the TS-610 surface. Specifically, we first dissolved the
annealed PNCs with a silica loading of 15 wt% in DMF and then repeatedly centrifuged and
solvent-washed them. TGA was then used to characterize the mass of bound P2VP (Figure
5.2), from which we obtain a bound layer thickness of 0.7 nm, assuming that it has the same
density as the melt. We therefore conclude that there exists favorable interactions between
TS-610 and P2VP, which facilitates the formation of a bound layer of P2VP on the NP surface.
Figure 5.2: TGA curves for pure TS-610 fumed silica and the re-dissolved nanocomposite film
consisting of 15 wt% TS-610 and P2VP matrices.
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5.3 Structure and viscoelastic properties of polymer nanocom-
posites
5.3.1 Dispersion of TS-610 fumed silica in P2VP matrices
We now examine the structure and the resulting viscoelastic properties of nanocomposites filled
with P2VP-adsorbed fumed silica NPs. Figure 5.3 presents TEM micrographs of nanocompos-
ites formed with a 105 kg mol−1 P2VP matrix and TS-610 with varying particle loadings.
Clearly, the fumed silica, which are themselves fractal clusters, are homogeneously distributed
in the polymeric hosts, without large agglomerates. At low particle loadings, such as 5 wt%,
TS-610 clusters are apparently individually dispersed, with no remarkable cluster-cluster over-
lap. With increasing silica loading, these individual fumed NP clusters start to contact each
other. Visually, “percolation” appears at 10 wt%.
Figure 5.3: TEM micrographs for nanocomposites consisting of 105 kg mol−1 P2VP and TS-
610 with varying loadings.
5.3.2 Linear viscoelasticity of TS-610 fumed silica in P2VP matrices
Next, we performed linear rheology experiments on these nanocomposites. The storage modu-
lus (G′) and loss modulus (G′′) as a function of the probed angular frequency (ω, ranging from
10−3-102 rad s−1) are presented in Figure 5.4. Note that all the experiments were conducted at
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a temperature of 180 ◦C under nitrogen. For reference, we start with the viscoelastic properties
of neat P2VP. At high frequency, the plateau inG′ is associated with the entanglement behavior
of high molecular weight chains. The plateau modulus (G0N) at ω = 100 rad s
−1 is∼112000 Pa,
close to the∼132000 Pa reported by Takahashi and coworkers [100]. Based on this, the Me for
P2VP is estimated to be ∼36 kg mol−1 (Me = ρRT/G0N), also comparable to the well-known
value of∼27 kg mol−1. The observed difference in Me should be largely due to the uncertainty
in the determination of the plateau modulus. Additionally, the crossover frequency of G′ and
G′′ implies a reptation relaxation time of ∼0.48 s for neat P2VP. At lower frequencies, G′ de-
creases as ω1.92±0.05 and G′′ ∼ ω0.96±0.002, consistent with a polymer melt. Note that the slight
deviation of the exponents from the classical value of 2 and 1 presumably results from matrix
polydispersity.
Figure 5.4: G′ (open symbols) and G′′ (closed symbols) vs. ω at 180 ◦C for P2VP melts filled
with TS-610 of different loadings. The dotted lines are fittings to a logistic function to obtain
the extrapolated low frequency storage plateau modulus (Geq).
Figure 5.4 clearly shows that bothG′ andG′′ are progressively increased with silica loading
over all frequencies covered. Specifically, in the regime of matrix entanglement, the plateau
modulus at ω = 100 rad s−1 (Figure 5.5a) follow the Guth equation [103]:
G′ = G′P2VP[1 + 0.67αΦsilica + 1.62(αΦsilica)
2] (5.1)
Where α is a shape factor (length/width) and is determined to be ∼19 by fitting to the experi-
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Figure 5.5: (a) The G′ at 100 rad s−1 for TS-610 filled nanocomposites vs. φsilica. The solid
green line is a fit to the Guth equation. (b) The cube root of Geq for both TS-610 and PS-g-
silica (from Ref. [55]) filled nanocomposites at different volume fractions of silica particles.
(c) G1/3eq is plotted against the effective silica volume fraction (φeffsilica), which accounts for the
volume of the bound and grafted polymer chains for the fumed/colloidal and grafted systems,
respectively.
mental data. Note that the RG of the TS-610 is estimated to be ∼170 nm, while the diameter
of the individual particle inside the fumed cluster is ∼10-20 nm. Consequently, we would ex-
pect such large shape factors only if the clusters were truly rods, and not objects with fractal
dimension of ∼1.8. This unexpectedly large value of α might reflect contributions from the
loosely-packed structure of these fractal clusters, i.e., the compactness of the objects, as has
been suggested in previous works [104]. In fact, a similar value for α, i.e., 22, was reported
previously for fumed silica based nanocomposites [105].
Going further, in the low frequency regime, mechanical reinforcement becomes much more
pronounced, with the terminal flow times becoming significantly retarded with increasing silica
loading. As expected, we see a second, low frequency plateau in G′ (denoted as Geq below)
at a silica weight fraction of 15% (∼8.11 vol%), 12% (∼6.38 vol%), and 10% (∼5.26 vol%),
with possibly a plateau at 8 wt% (∼4.17 vol%). It is difficult to go to higher loadings since
the material can no longer be reliably loaded into the rheometer. This frequency-independent,
nonterminal behavior of G′ at low frequencies is indicative of a solid-like response. It is likely
that the percolated network comes from silica particles connected by the bound P2VP chains,
which serve as the network strands. However, this apparently contradicts TEM observations
(Figure 5.3), especially for the 8 wt% composite, where the particle aggregates are not visually
percolated. We believe this can be reconciled by the much smaller thickness of the microtomed
slices (∼60 nm) than the size of one NP aggregate (200-300nm). That is, the apparent con-
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centration of particle aggregates observed in the TEM is largely reduced when some parts of
the clusters are cut during microtoming. Alternatively, there is evidence that the mechanical
percolation could occur at much lower particle loadings than structural percolation when the
particle and the polymer strongly interact [17, 48, 106]. In such cases, it has been suggested
that the particles could be strongly bridged with the adsorbing polymer chains, thus forming a
temporary polymer-particle network at remarkably low NP content. Going further, for the 10
wt% sample, the G′ and G′′ crossover again at a frequency of 0.023 rad s−1 and G′ starts to
dominate over G′′ at lower frequencies. For samples with higher loadings, such as 15 wt%,
the G′ is always higher than G′′, implying the dominance of solid-like response over all probed
time scales. While we therefore trust the three higher loadings as being solid-like in their re-
sponse, the 8 wt% sample is much less clear and must therefore be viewed with some caution.
We have ruled out the data point at 5 wt% in estimation of the percolation threshold as the par-
ticles in this sample are far from structural percolation (Figure 5.3), thus making it essentially
still behave like liquid (G′ is 1 order of magnitude smaller than G′′) at the lowest frequency
probed.
The onset behavior of this solid-like response, or the “percolation threshold”, in fumed
silica nanocomposites can be quantitatively evaluated by resorting to rubber elasticity theory.
We use the mean-field rubber elasticity theory which suggests that Geq ∼ (φ − φc)3. From
here, we plot G1/3eq vs. the volume fraction of the silica particles (Figure 5.5b). We extrapolate
G
1/3
eq down to a modulus of zero to obtain the onset of gelation, which is found to be 3.7 vol%
(∼7.1 wt%). To understand the remarkably low percolation threshold observed for fumed silica
nanocomposites, we performed the following, simple estimation. We assume that the TS-610
particles are uniformly distributed in the P2VP matrix, and thus each aggregate occupies a
volume defined by its size, RG. The critical volume fraction above which the neighboring
aggregates start to overlap (“semidilute” crossover) is given by:
Φc = (RG/a)
D−3 (5.2)
Where a is the radius of the primary particle, i.e., ∼5-10 nm, and D = 1.8 is the fractal di-
mension. On this basis, we estimate the maximum packing volume fraction to be ∼1.5-3.3
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vol%, close to the gel point predicted by the rubber elasticity theory. The similar values of the
maximum packing density and percolation threshold for this fumed system should result from
the individual, homogeneous dispersion of silica aggregates in the P2VP matrices. In fact,
Cassagnau and coworkers [107] have reported a percolation threshold of 3.3 vol% for fumed
silica nanocomposites. Consequently, the unusually low percolation threshold for fumed sil-
ica nanocomposites should be largely attributed to the fractal, open structure of the TS-610
aggregates.
5.3.3 Viscoelasticity of nanocomposites filled with different nanofillers
We first compare the rheological behavior of nanocomposites filled with TS-610 fumed silica
particles and colloidal spherical silica ones. Two facts are apparent in Figure 5.6. First, over
all frequencies considered, both G′ and G′′ for the TS-610 filled nanocomposites are higher
than that for Nissan-ST. Second, at lower frequencies, we observe a secondary plateau in the
fumed nanocomposite while in the colloidal case the test material starts to behave like liquid
(G′ < G′′). Notably, the terminal slopes for the colloidal sample have not been reached up
to the lowest frequency probed, suggesting that the particle structures, presumably particles
bridged by polymer chains, have not yet fully relaxed [17]. This low frequency reinforcement
can be well described by our recent work in which the particle contribution is modeled using
critical percolation [87]. In fact, the percolation threshold for the colloidal system is predicted
to be ∼16 vol% [87], significantly larger than that for the fumed case (Figure 5.5b). The
predicted percolation volume fraction for our colloidal system is close to the value of ∼15
vol% for noninteracting spheres [108]. Note that the primary particle diameter of TS-610 is
∼10-20 nm, roughly equal to that of the colloidal silica considered here, i.e., ∼14 nm. In other
words, the colloidal nanocomposites can be considered as a limiting case where the fumed
particles are “unfumed” and then well dispersed in the same matrix. Clearly, the large fractal,
loosely packed aggregates give a much lower percolation threshold but a significantly higher
reinforcement than the small individual particles, as similarly observed by previous researchers
[109]. These results thus emphasize the importance of the shape, connectivity, and structural
openness of the nanofiller in the context of its efficiency for mechanical reinforcement.
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Figure 5.6: G′ and G′′ vs. ω collected at 180 ◦C for 105 kg mol−1 P2VP melts filled with 10
wt% TS-610 fumed silica or Nissan-ST NPs. Also included are the TEM micrographs for these
two nanocomposites.
We next recall that in our previous work on nanocomposites filled with PS grafted silica
(PS-g-silica, with a grafting density of 0.05 chains/nm2) NPs [55], we also observed a perco-
lated polymer-particle network “connected” in this case by the grafting chains. For the grafted
system, according to the rubber elasticity theory (Figure 5.5b), the low frequency sol-gel tran-
sition is determined to be ∼1.5 vol% (or 3.2 wt%), more than 2 times smaller than that found
for fumed nanocomposites. We conjecture that the lower percolation threshold for the grafted
system partly results from the presence of the grafted chains [110], which effectively increases
the volume fraction of the particles. This is justified by Figure 5.5c, where the percolation
threshold is calculated to roughly be the same for these two systems when the effective silica
volume fraction is used, i.e., the bound and grafted polymer chains, respectively, are regarded
as part of the particle phase for the fumed and grafted systems. The bound layer thickness used
for determination of Φeffsilica is 0.7 and 1.1 nm [87], respectively, for the fumed and colloidal
nanocomposites. For the grafted system, the brush thickness is estimated to be ∼4.9 nm (with
a grafted chain length of 114 kg mol−1 and grafting density of 0.05 chains/nm2) and ∼5.4 nm
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(with a grafted chain length of 150 kg mol−1 and grafting density of 0.05 chains/nm2) respec-
tively for the low and high loading samples shown in Figure 5.5b, assuming its mass density
equal to a neat PS melt. Another fact to be noted from Figure 5.5b is that at high silica content
the polymeric melts are more reinforced by the TS-610 fumed silica particles than the grafted
ones. According to the simple argument following from the rule of mixtures, the strength
of the composite material depends on the strength of its components. Effectively, the fumed
nanocomposites are formed by fumed silica aggregates and the matrix polymer chains while the
grafted ones consist of connected/sheets structures (comprising of polymer grafted NPs) and
the bulk polymer phase. Apparently, our finding can be simply attributed to the much stronger
silica-silica adhesion (chemical bonding) in a fumed aggregate than that between the graft-
graft chains (chain-chain entanglement or interpenetration), as similarly observed by Chevigny
and coworkers [111]. Note that our finding cannot be attributed to the deformability of the
grafted chains for two reasons. First, the rheological experiments were run in a linear regime.
Thus, the deformation applied is sufficiently small that the polymer chains remain close to their
equilibrium state. Moreover, in the low frequency regime where the Geq is extrapolated, the
polymer chains should have already fully relaxed. We thus conclude that compared to grafted
particle filled nanocomposites, those containing fumed silica ones have a higher mechanical
reinforcement.
Going one step further, in chapter 3 we have also examined the rheological behavior of
nanocomposites loaded with silica e-NPs. There we found the low frequency plateau modulus
G′eq is ∼4679 Pa at a silica core loading of 5 wt%. Notably, this is already more than one
order of magnitude higher than those in systems where polymer grafted (G′eq ∼180 Pa) or
fumed (G′eq ∼84 Pa) silica NPs are incorporated even at a higher silica loading of 8 wt%.
Therefore, apparently the polymer melts are much more mechanically reinforced by these e-
NPs compared to their spherical or fumed analogs at comparable silica content. We attribute
this to be a consequence of the elongated “rod-like” nature of the e-NPs with a small size but
relatively high aspect ratio (∼13), leading to a markedly low compactness of∼0.012, thus more
number of particle-particle contacts is expected and higher modulus results.
Let we propose criteria for designing appropriate PNCs with desired properties. When one
71
desires to maximize the mechanical reinforcement of the polymer melt, the elongated or fumed
silica particles should be used, since they percolate at remarkably low volume fraction and
give rise to significantly higher modulus. The polymer grafted NPs, although relatively less
reinforced compared to the former two analogues, have the advantage that particle structures
can be facilely controlled by varying the grafting density and chain length, thus providing a
way to manipulate the mechanical or other physical properties of the resulting nanocomposite
materials [8, 55]. Going further, for other applications, one might need strengthened materials
with good insulation properties but minimized optical scattering. In such cases, the colloidal
spherical silica could be the desired filler. As a concluding remark, our results consistently
suggest that the interfacial interactions, including filler-filler and filler-polymer, are critical to
optimizing the macroscopic properties of PNCs.
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Chapter 6
Tuning Nanoparticle Dispersion in
Semicrystalline Polymers
In all previous chapters we have only investigated the spatial organization of NPs and the
macroscopic properties of PNCs based on amorphous polymeric hosts. In such cases, the NP
self-assembly behavior is primarily dominated by the particle/polymer interfacial interactions
as the polymer matrix is structureless. However, as we know the semi-crystalline polymers are
much more commercially relevant, which comprises 70% of the ∼$400 billion/year polymer
industry. Although there has been a lot of literature studies on crystalline PNCs, little control
exists over filler’s dispersion state. In this chapter, we shall examine this un-explored area and
specifically investigate the interplay between particle assembly and polymer crystallization in
a semi-crystalline nanocomposite material.
6.1 Materials, methods and systems
THF (ACS agent, >99.0%) was purchased from Sigma-Aldrich. Poly(ethylene oxide) (PEO)
were from Scientific Polymer Products (Mw ∼100 kg mol−1), Sigma-Aldrich (Mv = 100 kg
mol−1, powder) or Polymer Source (Mw = 16.8 kg mol−1, D = 1.05; Mw = 46 kg mol−1, D
= 1.18). PEO is a typical crystalline polymer, with the equilibrium melting temperature of
∼70-80 ◦C. The glass transition temperature of PEO is ∼-55 ◦C, which is well below room
temperature. Above the melting temperature or in a molten state, PEO, like other polymers,
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is a random coil. Its unperturbed radius of gyration RG = 0.0366M0.5w nm (here Mw has
a unit of g mol−1) and the entanglement molecular weight is 1.73 kg mol−1 [112]. Below
the melting temperature, PEO can crystalline and form a multiple length scale semicrystalline
morphology. At the smallest length scale, it has a monoclinic unit cell, with a = 8.05 Å,
b = 13.04 Å, c = 19.48 Å and β = 125.4◦ [113]. The macromolecule then continues folding to
form the crystalline lamellae (typically ranging from 10-50 nm depending on the crystallization
temperature). Several lamellae grow radially outward from a single nucleus and branch into a
space-filling spherulite until they impinge with adjacent spherulites.
Poly(methyl methacrylate) (PMMA) chains were grown from the surface of spherical silica
NPs (Nissan MEK-ST, with a diameter of 14±4 nm), using reversible addition-fragmentation
chain transfer (RAFT) polymerization [36], resulting in a grafting chain molecular weight of
28 kg mol−1, and a grafting density of∼0.24 chains/nm2. Poly(methyl acrylate) (PMA) grafted
silica NPs with a grafting chain length of 62 kg mol−1 and 0.43 chains/nm2 were also synthe-
sized. We have additionally grafted PMMA chains from another silica NP (Nissan MEK-ST-L,
with a diameter of∼50 nm), yielding a grafting density and chain length of 0.2 chains/nm2 and
40 kg mol−1.
The nanocomposite samples were prepared by solvent casting from THF. The protocols are
briefly described here. The PEO (with ∼0.5 wt% Irganox relative to the mass of PEO) was
dissolved in THF at ∼65 ◦C for 1 h. Following that, appropriate amounts of polymer-g-silica
NPs were added. After mixing at the same temperature for another 1 h, the composite solutions
were probe-ultrasonicated for 3 min using an ultrasonic processor (model GEX-750) operated
at 24% of maximum amplitude with a pulse mode of 2 s sonication followed by 1 s rest. These
solutions were poured into a PTFE petri dish or drop-cast onto a glass slide, air-dried in a fume
hood for several days or cast at ∼65 ◦C for half an hour with partial vacuum (this can ensure
the uniformity of the cast film, as the polymer does not crystallize during the casting process),
then annealed at 80 ◦C in a vacuum oven for 24 h, and stored in a desiccator for further use.
Crystallization of the annealed films was conducted in either a water bath (IKA IB 20 pro) or
a differential scanning calorimetry (DSC, see Appendix A) at a specified temperature or cool-
ing rate. When using a water bath, the samples (contained in a threaded, aluminum capsule
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tube with silica gel) were first heated to 85 ◦C in a vacuum oven, stabilized for half an hour,
and then quickly transferred to the water bath which had been equilibrated at the pre-specified
temperature. After crystallization, the aluminum tube was taken out from the water bath and
cooled to room temperature. Both DSC and cross-polarized optical microscopy (POM) were
used to characterize the crystallization behavior of the PEO matrix, including the crystallization
temperature, melting temperature and enthalpy as well as the spherulite growth rate, etc. Elec-
tron microscopy (TEM/SEM) combined with smaller angle scattering (SAXS/USAXS/SANS)
experiments were performed to examine the spatial organization of NPs in response to poly-
mer crystallization. Finally dynamic mechanical thermal analysis (DMTA) and single-edge
notched 3-point bending tests were conducted to probe the modulus and toughness of the re-
sulting nanocomposite materials. The details of these experimental methods are presented in
Appendix A. Also below, unless otherwise noted, the PEO has a molecular weight of 100 kg
mol−1 and the particle is PMMA-g-silica (14 nm in core diameter). Also, the reported particle
loading includes the brush, e.g., in the 20 wt% PMMA-g-silica sample, the volume fraction of
silica core is ∼3.5%.
6.2 Melt structure of particle/polymer mixtures
Before we examine the role of polymer crystallization on the particle assembly, we first need
to characterize the particle dispersion states in the melt of PEO by combination of TEM and
scattering. Figure 6.1 presents TEM micrographs of PMMA-g-silica or PMA-g-silica NPs
in 100 kg mol−1 PEO matrices rapidly quenched from the melt samples with liquid nitrogen
(N2). As shown here, the particles are individually, homogeneously distributed in the polymer
matrices, with no large-scale aggregates visible. Note that the apparent high density of particles
than that expected for a 20 wt% sample (Figure 6.1a) could be due to the thickness of the
microtomed slices (∼200 nm) being much larger than the silica core size (∼14 nm).
We have also used small angle X-ray scattering (SAXS) to ensure the uniformity of particle
structures in the melt is valid over larger length scales than that probed by TEM. Similarly we
have quenched the samples from the molten state and then examined them in the X-ray beam
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Figure 6.1: TEM micrographs of (a) 20 wt% PMMA-g-silica and (b) 40 wt% PMA-g-silica
NPs in 100 kg mol−1 PEO matrices. The images were captured at cryo-conditions after the
samples being cryo-microtomed upon quenching from the melt with liquid N2.
at room conditions. Figure 6.2 shows that there is no remarkable difference visible between the
scattering of the melt and the quenched samples (the peak intensity occurs at the same q), con-
firming that the quenching process did not significantly affect particle dispersion. We thus fit
the scattering curves by a polydisperse core-shell form factor with the Percus-Yevick structure
factor accounting for the inter-particle correlations. The fitting parameters are presented in Ta-
ble 6.1. Note that here we assume the scattering length density of the silica core and the PMMA
shell is the same between that in the melt and that quenched by liquid N2. However, for PEO,
as it can still crystallize in the quenched state and ambient conditions, its density increases, thus
its scattering length density changes accordingly. This leads to the different scattering contrasts
in the melt and quenched state (Table 6.1), thereby resulting in the decrease in the scattering
intensity in the quenched sample (Figure 6.2). Additionally, the shell thickness obtained from
this fitting is apparently smaller than the “extended length” of the PMMA brush (∼5 nm es-
timated from self-consistent mean-field theory). We attribute this to the fact that there exists
some gradient in the PMMA/PEO interface, which cannot be sharp as they are miscible with
each other in the melt. In summary, we have essentially shown here that the quenching process
does not affect the spatial organization of particles.
Figures 6.3a-d present the SAXS scattering intensity I(q) as a function of the scattering
vector q for different particle loadings for a series of quenched samples. At low particle con-
tent, e.g., 10 wt% (∼1.7 vol% for the silica core and ∼9.3 vol% for the grafted particle), the
I(q) is well-represented by a polydisperse core-shell form factor with a log-normal distribution
of core radii with a mean of 6.3 nm and a polydispersity of 0.28. This estimated silica radius
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Figure 6.2: Comparison of I(q) for the 100 kg mol−1 PEO based nanocomposites filled with
20 wt% PMMA-g-silica particles in the melt at 80 ◦C to that quenched by liquid N2. The solid












80 ◦C 6.3 0.32 2 8.378×1010 3.54×109 33 0.19
quenched 6.3 0.32 2 7.065×1010 -9.59×109 33 0.17
Table 6.1: The fitting parameters for Figure 6.2. Rcore is the radius of silica core, dR is the shell
thickness, ηcore and ηshell is the scattering contrast of silica and PMMA, respectively. dS(q) is
the average hard-sphere inter-particle distance, Φeff is the effective hard sphere packing volume
fraction.
is close to that measured by TEM (∼7 nm in radius) and also to the one provided by Nis-
san Chemical (10-15 nm in diameter), indicating homogeneous dispersion of particles in the
polymer matrix. At higher particle concentrations, e.g., larger than 20 wt%, the interaction be-
tween particles gives rise to a correlation peak or a structure factor S(q) in the scattering curves
(Figure 6.3b-d). Analysis of S(q) using the Percus-Yevick model for hard spheres [114, 115]
(Figure 6.3e) yields the inter-particle surface-to-surface distances (hs−s, Table 6.2). The hs−s
for each loading estimated a priori by assuming uniform particle dispersion is approximately
equal to that derived from S(q), with this miscibility probably driven by the well-known fact
that PEO and PMMA (the graft) are thermodynamically compatible, with a Flory interaction
parameter of ∼0 [116]. Moreover, linear rheology shows that the temperature dependent shift
factors for the melt mixtures are intermediate between those for pure PEO and PMMA (Fig-
ure 6.6f). Based on these multiple results, we conclude that the particles are homogeneously
dispersed in the molten matrix. On basis of similar analyses, the PMA-g-silica NPs are also
well-mixed with the PEO melts (Figure 6.1b, Figure 6.4, Table 6.3).
77
Figure 6.3: I(q) vs. q for liquid N2 quenched PMMA-g-silica in 100 kg mol−1 PEO with a
particle loading of (a) 10 wt%, (b) 20 wt%, (c) 40 wt%, and (d) 60 wt%. (e) The S(q) vs. q for
samples with varying particle loadings.
PMMA-g-silica wt% 0.1 0.2 0.4 0.6
PMMA-g-silica vol% 0.093 0.188 0.382 0.582
silica core vol% 0.017 0.035 0.071 0.109
hs−s,uniform (nm) 23.90 14.11 6.28 2.44
hs−s,S(q) (nm) — 13.68 6.58 1.78
Table 6.2: Inter-particle surface-to-surface separation (hs−s) vs. particle loading (PMMA-g-
silica in 100 kg mol−1 PEO).
6.3 Linear viscoelasticity of PEO melts with PMMA-g-silica
We first performed the rheological tests on PMMA-g-silica NPs in PEO melts with varying
particle content at 85 ◦C, well above the Tg of PEO (∼-55 ◦C). As shown in Figure 6.5, both
G′ and G′′ increase with more grafted particles added, indicating the PEO melts get more
reinforced. Specifically, for neat polymers at lower frequencies, G′ and G′′ decreases as ω−2
and ω−1 respectively, consistent with the relaxation behavior of a polymer melt. At 20 wt%
particle loading, we see the G′ and G′′ are nearly parallel to each other, indicating that it is
essentially akin to a “critical gel”. Going further, at 40 wt%, G′ starts to be much larger than
G′′ at lower rates of deformation and tentatively displays a plateau. These results suggest that
at high particle content (e.g. >20 wt%), the particles are connected by the grafted chains,
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Figure 6.4: (a) SANS intensity normalized by the silica volume fraction (Φsilica) and (b) the
structure factor S(q) for the PMA-g-silica NPs in 100 kg mol−1 PEO matrices. (c) The peak q
(q∗) in S(q) vs. Φsilica.
PMA-g-silica wt% 0.1 0.2 0.4 0.6
PMA-g-silica vol% 0.095 0.191 0.387 0.586
silica core vol% 0.0057 0.012 0.023 0.035
hc−c,uniform (nm) 68.08 53.93 42.65 37.12
hc−c,S(q) (nm) 70.76 56.50 43.42 37.60
Table 6.3: Inter-particle center-to-center distance (hc−c) vs. particle loading (PMA-g-silica in
100 kg mol−1 PEO).
resulting in a system-spanning network, thus making the materials behave solid-like. In other
words, in these highly loaded systems, the matrix PEO chains should be strongly confined,
which should affect the nucleation and crystallization of PEO as discussed later in the text.
Moreover, we have also performed the rhelogical tests at various temperatures ranging from
60 ◦C to 90 ◦C to examine the system-level dynamics. As the temperature probed here is
far beyond the glass transition of PEO, we would expect the system should relax Arrhenius-
like. Figure 6.6 shows the Arrhenius dependence of the time-temperature superposition shift
factors on temperature. From here, for neat PEO, we can estimate the activation energy to be
∼6.2 kcal mol−1, approximately equal to the value reported in the literature (∼6 kcal mol−1)
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Figure 6.5: The linear storage (G′) and loss (G′′) modulus vs. angular frequency at 85 ◦C for
100 kg mol−1 PEO melts filled with PMMA-g-silica particles of different loadings.
[117, 118]. Going further, as the particle content increases, the activation energy becomes
larger, presumably because the β relaxation of PMMA starts to play a role. In fact, the shift
factors of the composites can be predicted from the Fox relation, i.e.
log(aT,PNC) = mPMMA log(aT,PMMA) +mPEO log(aT,PEO) (6.1)
Where mPMMA and mPEO are the weight fractions of PMMA and PEO respectively. This anal-
ysis indicates that the system relaxation is an average of the matrix PEO and the PMMA grafts.
Note that the shift factors for PMMA (presumably attributed to β relaxation) are obtained
by matching the experimental data for the 60 wt% sample following Fox relation described
above. Apparently the relaxation times estimated in this way are slower than the β relaxation
of PMMA probed by dielectric spectroscopy [119], which could be attributed to the fact that
the PMMA chains are densely packed in the grafted layer as a result of the high grafted density
(∼0.24 chains/nm2).
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Figure 6.6: Arrhenius dependence of time-temperature shift factor on temperature obtained
from linear rheology measurements for PMMA-g-silica in 100 kg mol−1 PEO with a particle
loading of (a) 0 wt%, (b) 10 wt%, (c) 20 wt%, (d) 40 wt% and (e) 60 wt%. (f) shows the
prediction from Fox relation.
6.4 Effect of nanoparticles on polymer crystallization
Now in this section we shall explore the role of the presence of NPs on the crystallization be-
havior of the PEO matrix. Figure 6.7a presents the heat flow curves of 100 kg mol−1 PEO
during isothermal crystallization at 55 ◦C, showing that crystallization shifts to longer times
as more particles are incorporated. However, the shapes of these curves assume an apparently
universal form when plotted vs. t/t1/2, where t1/2 is the “half-life” of the crystallization (inset
to Figure 6.7b). In the same vein, although the addition of 10 wt% particles causes a negligible
change to the spherulite growth rate (G ∼0.21 µm/s vs. G ∼0.23 µm/s for neat PEO) at 55
◦C, the G for a 20 wt% loading (∼0.09 µm/s) is obviously smaller (Figure 6.7a,b,f and Figure
6.8i). Apparently, these larger loadings reduce G due to stronger geometrical confinement –
SAXS results show that the interparticle separation distance (hs−s) becomes smaller than the
equilibrium PEO long period (Lo) under these conditions (Figure 6.9c). In fact, at 20 wt%,
a percolated network of particles starts to form in the molten matrix, as indicated by linear
rheology (Figure 6.5). These results thus consistently suggest that the NPs impose strong geo-
metrical confinement on crystal growth, leading to a decrease in the rate of PEO crystallization,
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Figure 6.7: (a) Heat flow traces vs. time (t) for 100 kg mol−1 PEO filled with varying loading
of PMMA-g-silica particles. (b) Replot the data in (a) as the percentage crystallinity (X(t)) vs.
t. (c) Avrami plots of the samples in (a). (d) Tm vs. Tc for PEO and the nanocomposites. (e)
Melting heat for isothermally crystallized samples at varying Tc for different amounts of time.
(f) Spherulite growth rate G vs. Tc.
a result that appears to well appreciated for the crystallization of metals in the presence of NPs
[120].
While the presence of the particles slows down crystallization, it does not appear to affect
the underlying phase transition thermodynamics or the crystal habit. When we plot the appar-
ent melting temperature (Tm) of crystals against the crystallization temperature (Tc) (Figure
6.7d), we find that the samples with different particle loadings followed different apparently
linear trends. However, the admittedly long extrapolation to an equilibrium melting tempera-
ture Tm,eq, obtained by extending each of these lines to Tm = Tc are all within experimental
uncertainty of the 69.31 ◦C found for neat PEO [121]. An Avrami analysis [122] of the rate of
crystallization, based on the heat flow curves (Figure 6.7c), shows that the Avrami exponent,
indicative of the crystallization mechanism, is ∼2.5 for all loadings. Similarly, non-isothermal
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Figure 6.8: The spherulite diameter (Dspherulite) vs. t during isothermal crystallization at a
series of temperatures for 46 kg mol−1 or 100 kg mol−1 PEO loaded with varying amounts
of PMMA-g-silica particles. Note that at high crystallization temperatures (e.g., 58 ◦C and 60
◦C for the 100 kg mol−1 PEO based samples; 57.5 ◦C for the 46 kg mol−1 PEO based ones),
pre-seeding at 55 ◦C was used for growth rate measurements, as nucleation barely occurs at
these temperatures within a reasonable experimental time scale.
crystallization results (Figure 6.9a-b) show that both the onset and peak non-isothermal crys-
tallization temperatures (Tc,o and Tc,p) are not affected at low particle content, e.g., 10 wt%.
Similarly, wide-angle x-ray diffraction shows the same peak positions in the pure PEO and the
nanocomposites [123]. These results verify that the PEO crystallization mechanism appears to
be unaffected by the presence of the particles.
Moving forward, we have also analyzed the spherulite growth rate of the nanocomposites
based on the classical Lauritzen-Hoffman (LH) theory. For simplicity, here we focus on the
neat 100 kg mol−1 PEO and the 20 wt% sample. According to this theory, as given by [124]:












WhereG is the spherulite growth rate, ∆T = Tm,eq(∼ 69 ◦C)−Tc is the degree of supercooling,
U∗ = 1.5 kcal mol−1 is the transport energy barrier for polymer segments across the melt-crystal
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Sample ID 50 ◦C 52 ◦C 55 ◦C 56 ◦C 57.5 ◦C 58 ◦C 60 ◦C
100k-0wt% — 1.38 0.23 — — 0.020 0.0014
100k-10wt% — 0.65 0.21 — — 0.015 —
100k-20wt% 1.19 0.51 0.09 — — 0.006 —
100k-40wt% 0.24 0.12 0.03 — — — —
46k-0wt% 7.11 3.34 0.63 — 0.087 — —
46k-10wt% 1.24 0.72 0.19 0.10 0.028 — —
Table 6.4: The spherulite growth rate G for PMMMA-g-silica in PEO isothermally crystallized
at different temperatures.
Figure 6.9: (a) The heat flow traces and (b) crystallization temperatures for PMMA-g-silica in
100 kg mol−1 PEO crystallized nonisothermally at a cooling rate of 3 ◦C/min. (c) The long
period and the inter-particle separations vs. the particle weight percent.
interface, Tc is the crystallization temperature, T∞ = Tg − 30 = −85 ◦C is the temperature
below which all viscous flow ceases,Kg is the surface nucleation rate and f = 2Tc/(Tm,eq+Tc).
As shown in Figure 6.10b, the Kg (or the slope of the linear fit) for the 100 kg mol−1 neat PEO




Where ni = 4 for crystallization regime I and III, and is equal to 2 for regime II. b0 = 0.465 nm
is the layer thickness, σ and σe are the lateral and folded surface energies, k is the Boltzmann
constant, ∆H0f = 203 J g
−1 is the heat of fusion for perfect crystals. Assuming ni = 2, i.e.
crystallization regime II, we obtain σσe = 480 mJ2 m−4, which is in reasonable agreement
with the value reported by Kovacs and coworkers [125] (450 mJ2 m−4, also assuming regime
II). Using σ = 10 mJ m−2 yields σe = 48 mJ m−2. Additionally, we know that the work of
chain folding (q) is related to σe by q = 2σeA0 = 2.95 kcal mol−1, where A0 is the cross-
sectional area of the chain. This value for q is very similar to that estimated for other flexible
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Figure 6.10: (a) Schematic for polymer surface nucleation and the growth front, where “g” is
the lateral growth rate; “i” is the secondary nucleation rate and “G” is the spherulite growth
rate. The black lines indicate the connections between adjacent crystal stems. (b) Analysis of
the spherulite growth rate based on Lauritzen-Hoffman theory.
polymers [126]. These analyses suggest that our system is presumably operating in regime II,
and thus the secondary nucleation rate (“i”) and the lateral growth rate (“g”) are comparable.
We had also performed similar analysis for the 20 wt% loading sample (PMMA-g-silica in 100
kg mol−1 PEO) using the same value for U∗ with the neat polymer. With this assumption,
we find that the folded surface energy (∼50 mJ m−2) and thereby the work of chain folding
(3.08 kcal mol−1) are essentially unaffected by the presence of grafted particles, indicating that
the mechanism of crystallization is not altered by the particles consistent with the discussion
above. Note that there is some controversy in the literature regarding the precise value of Tm,eq
for high molecular weight PEO, here we take Tm,eq = 69 ◦C as it is most generally accepted
and also our extrapolation from the Tm vs. Tc curve essentially gives the same value (Figure
6.7d). Again the major conclusions we draw from these analyses are i) the mechanism of PEO
crystallization is apparently unaffected by the presence of particles; and ii) the temperature
range probed in the current paper should predominantly be in the crystallization regime II (note
that the generally accepted crystallization regime I/II transition for PEO in the literature occurs
at ∼59 ◦C) [127].
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6.5 Nanoparticle organization driven by polymer crystalliza-
tion
6.5.1 Nanoparticle local re-organization
We now examine how polymer crystallization under isothermal conditions affects NP assembly.
We first consider isothermal crystallization for a short period of time (4 h and 1 d) at a relatively
deep undercooling (52 ◦C) for different particle contents. Consistent with the previous work
[123], the largeG ∼ 1 µm/s (but decreasing with particle loading, Table 6.4) results in engulfed
NPs with no discernable large-scale order.
Figure 6.11: SAXS intensity I(q) vs. q for PMMA-g-silica in 100 kg mol−1 PEO with varying
particle loadings isothermally crystallized at 52 ◦C for 4 h and 1 day. (e) and (E) are the
corresponding structure factors S(q).
SAXS (Figure 6.11 and 6.12) verify these conclusions in broad strokes and provide more
detailed insights. Comparing the SAXS data in Figure 6.3 and Figure 6.11, we see the peak
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Figure 6.12: Variation of (a) the q∗ extracted from the peak of S(q) in Figure 6.3 and 6.11 and
(b) the inter-particle separation distance (hs−s) with particle content for PMMA-g-silica in 100
kg mol−1 PEO crystallized at 52 ◦C.
in S(q) shifts to a larger q after crystallization for high loading samples (40 wt% and 60 wt%)
but essentially does not change for the 20 wt%. We thus extract the inter-particle correlation
distance (2π/q∗) and from there the inter-particle separations (hs−s = 2π/q∗ − dNP) for all the
samples studied, as presented in Figure 6.12. As shown in Figure 6.12a, we fit the data of q∗
vs. NP volume fraction according to a power-law relation (q∗ ∼ ΦαNP). For the quenched sam-
ples, we obtain q∗ = 0.0285Φ0.2954NP , with the exponent close to the expected value (1/3) for the
uniform particle dispersion. This is totally consistent with the TEM and SAXS analysis that
the particles are well dispersed in the polymer matrix after quenching from the melt. Going
further, we obtain q∗ = 0.0348Φ0.3957NP and q
∗ = 0.0373Φ0.4249NP for the systems isothermally
crystallized for 4 h and 1 day at 52 ◦C, respectively. The much larger values of the exponents
obtained in these cases indicate the system becomes strongly non-uniform or the particles start
to re-organize. On the other hand, as shown in Figure 6.12b, for 20 wt% particle loading, the
average hs−s (the mean face-to-face separation of the grafted particles) is essentially unchanged
even after 1 d crystallization. In contrast, hs−s for the 40 wt% particle loading is considerably
reduced after 4 h crystallization, beyond which it is essentially equal to zero. No significant
changes are found for the 60 wt% where hs−s is approximately equal to zero at all times. Con-
sistent with the results presented above, these analyses also strongly suggest that even under
these conditions the particles tend to locally move closer to each other until they come into
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contact, at which point this process stops. These findings are unrelated to the glass transition
temperature Tg of PMMA (∼110 ◦C), since PMA (Tg ∼14 ◦C) grafted particles behave simi-
larly, as discussed later in the text. In a word, at 52 ◦C no large scale ordering happens precisely
because the crystallization is so rapid that the particles are too slow to reorganize.
6.5.2 Large-scale nanoparticle ordering
Figure 6.13: TEM, SAXS and SANS characterization of PMMA-g-silica or PMA-g-silica (only
d and i) in 100 kg mol−1 or 46 kg mol−1 PEO, as indicated inside the graph. The samples had
been isothermally crystallized at varying temperatures for different amounts of time.
In contrast, larger-scale particle ordering occurs at an isothermal crystallization tempera-
ture of 58 ◦C (20 wt% loading, G ∼ 6 × 10−3 µm/s). Figure 6.13b shows that the particles
are aligned into sheets in the 100 kg mol−1 PEO after annealing for 7 days (for intermedi-
ate annealing time, see Figure 6.14a-c). The lower molecular weight samples order on faster
time scales, presumably because they have lower liquid viscosities (Figure 6.13c vs. 6.13g).
Fourier transforms of these TEM micrographs confirm that the particles have an anisotropic
spatial distribution (inset of Figure 6.13b). SAXS confirms this ordering; strongly anistropic
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Figure 6.14: Additional TEM images. The information of the samples is indicated inside the
graph. All samples are based on 100 kg mol−1 PEO except (d) which is 46 kg mol−1.
scattering patterns appear after polymer crystallization (Figure 6.13e vs. 6.13f). As expected,
the interparticle correlation peak shifts to a larger q after crystallization (from ∼0.017 Å−1 to
∼0.023 Å−1, Figure 6.13j), suggesting the particles approach each other due to the polymer
crystallization. More interestingly, upon crystallization, a second SAXS peak appears at lower
q ≈0.01 Å−1 (Figure 6.13c,g and j), corresponding to a correlation distance of ∼63 nm at 58
◦C. Since the diameter of the PMMA-g-silica particles is ∼23 nm and the PEO long period
is ∼41 nm, the morphology is likely “layer-by-layer”, where the grafted particles are aligned
within the amorphous phases between two adjacent lamellae (cartoon in the inset of Figure
6.13b). Going one step further, the average interlayer distance can be readily tuned by control-
ling the Tc (Figure 6.13h). For example, the layered NP structure obtained at Tc = 60 ◦C for 8.5
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days has an interlayer correlation length of ∼70 nm ≈ ∼23 nm + ∼50 nm (PEO long period at
this temperature).
Now we would like to quantify the fraction of particles that are expelled into the interlamel-
lar zones when the same sample is crystallized at different Tc, thus varying G (Figure 6.13h).
For this, we assume the total scattering intensity has two primary contributions, arising from
two populations of particle structures, one is the particle-particle contact (I) and the other is the
inter-layer correlation (II). For each population, a polydisperse form factor and its associated
structure factor are adopted, as described below:
I(q) = Φ1P1(q)S1(q) + Φ2P2(q)S2(q) (6.4)
Where Φ, P (q) and S(q) are the volume fraction, former factor and structure factor of the NP
structures. “1” and “2” corresponds respectively to the structure of population (I) and (II).
Specifically, P1(q) is the form factor of single polymer grafted particles and S1(q) is the struc-
tural correlation between single particles; P2(q) is modeled as a cluster of grafted particles
within the layers and S2(q) represents the inter-layer (or inter-cluster) correlations. Note that
both P1(q) and P2(q) are polydisperse core-shells while S1(q) and S2(q) assume hard-sphere
Percus-Yevick structure factors. Note that this model assumes no correlation between popula-
tions I and II. We have also tried to use a rod-like form factor made of spherical particles for
P2(q) but no significant improvements over the fittings were achieved. Following this model,










quench 0.037 6.3 0.28 31.6 0.21 0 — — — —
52◦C 0.034 6.3 0.28 31 0.19 0 — — — —
57.5◦C 0.034 6.3 0.28 25.6 0.22 0.0025 20 0.28 52 0.33
60◦C 0.032 6.3 0.28 25.6 0.25 0.0018 29 0.3 76 0.41
Table 6.5: The fitting parameters for 20 wt% PMMA-g-silica in 100 kg mol−1 PEO quenched
at room temperature or crystallized at varying temperatures for 7 days.
samples, we do not see the second low q peak, thus the population II is not applicable. For the
last two samples, the appearance of the low q correlation peak indicates (at least some fraction)
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of the NPs are excluded into the interlamellar regions. The volume fraction of these particles
within the layers can be estimated by:
Φinterlamellar = Φ2(Rcore,2/RPMMA−g−silica)
3/Φ1,quench (6.5)
Where Φ1,quench is the total volume fraction of silica cores in the quenched sample, the radius
of the grafted particle is RPMMA−g−silica, i.e., dS(q),1/2 = 25.6/2 = 12.8 nm. From here, we
can calculate the Φinterlamellar for samples “57.5 ◦C-7d” and “60 ◦C-7d” to be ∼0.26 and ∼0.58
respectively. As a result, this analysis of the SAXS data shows that the fraction of NPs in the
interlamellar zone increases with increasing Tc. Specifically, all the particles are engulfed in
the quenched sample and also at 52 ◦C; ∼26% of the particles are interlamellar at 57.5 ◦C
while this fraction rises to ∼58% at 60 ◦C (inset of Figure 6.13h). This clearly illustrates that
decreasing G can direct the particles to be placed preferentially in the interlamellar zone rather
than being engulfed [68]. Presumably, crystallizing at even lower rates should result in the
particles being placed in the interfibrillar and interspherullitic zones. This last conjecture is
consistent with NP ordering by the crystallization of small molecules, where the particles are
placed in the grain boundaries for G << Gc.
Another thing we would like to explore here is the mechanism of the anisotropic NP order-
ing in the crystalline polymer matrix. For this, we use the different sizes of the TEM image, the
X-ray/neutron beam and the sample to reiterate that the predominant anisotropic particle or-
dering is interlamellar. We focus on the 20 wt% particle loading in a 46 kg mol−1 PEO matrix
isothermally crystalized at 57.5 ◦C for 7 days. The TEM sample size (typically 10×10 µm) and
the SAXS beam size (30×200 µm) are much smaller than the sample size (3×3 mm); the small
angle neutron scattering (SANS) beam size (∼10 mm in diameter) is even bigger. TEM scans
and 2-D SAXS patterns (Figure 6.14d and Figure 6.13f) show strong anisotropy. However, the
SAXS anisotropy amplitude and orientation depend on the beam position (Figure 6.16). The
SANS has no anisotropy (Figure 6.15a). From optical microscopy measurements, we know that
spherulites of size ∼1-2 mm form under these conditions (Figure 6.7h). These results, in com-
bination, allow us to conclude that the anisotropic ordering occurs inside individual spherulites
(on average, Figure 6.15), and more specifically in the interlamellar regions between adjacent
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Figure 6.15: (a) 2-D neutron scattering pattern, (b) 1-D scattering intensity I(q) and (c) I(q)q2
for 20 wt% PMMA-g-silica in 46 kg mol−1 PEO isothermally crystallized at 57.5 ◦C for 7 days.
(d) Compare the neutron and X-ray scattering on the same sample.
crystals. This anisotropy disappears at larger scales since spherulites are randomly oriented and
hence there is no long-range order.
Next, we have examined the assembly of PMA-g-silica NPs in response to the polymer
crystallization. As shown in Figure 6.17, several things are noted. First, the particle struc-
ture evolves differently upon slow crystallization (58 ◦C for 7 days) compared to that of the
quenched one. For instance, at 10 wt%, we see an upturn in I(q) at low q, indicating the
particles start to agglomerate at small rate of crystallization. Apparently, even in this sample,
the particles can locally reorganize upon slow, isothermal crystallization. Going further, at
larger particle loadings, the structure factor peak moves to a higher q, again suggesting that the
particles approach each other in response to polymer crystallization. This process stops until
the particles come into contact, as the high q peak upon slow crystallization assumes approxi-
mately the same value (∼0.02006 Å−1) for different loadings (Figure 6.13i). This corresponds
to ∼31.32 nm ≈ 13.1 nm + 9×2 nm, with 13.1 nm is the silica core size and 9 nm is the thick-
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Figure 6.16: SAXS I(q)q2 vs. q for (a) 16.8 kg mol−1 and (b) 46 kg mol−1 PEO matrices filled
with 20 wt% PMMA-g-silica particles probed at different positions within the same sample.
Figure 6.17: The SANS I(q) (first row) and I(q)q2 (second row) vs. q for PMA-g-silica in 100
kg mol−1 PEO with varying particle loadings.
ness of the PMA brush. More interestingly, we start to see a second peak appearing at an even
lower q, which results from the layered particle structures, as discussed above. For example,
the average inter-layer center-to-center distance is ∼70.76 nm and ∼94.58 nm respectively for
the 40 wt% and 60 wt% samples (Figure 6.13i). In summary, the PMA-grafted-silica particles
gave similar results with that of PMMA-g-silica, and additionally showed that the interlayer
distance increases with increasing particle loading (Figure 6.13i). More interestingly, in this
system we can clearly see the “layer-by-layer” organization of the grafted NP (Figure 6.13d,
cryo-TEM for 40 wt% PMA-g-silica in 100 kg mol−1 PEO; also see Figure 6.14l-p). The
average interlayer distance estimated from TEM is ∼75 nm (Figure 6.13d), which is in good
agreement with the SAXS estimate of ∼71 nm (Figure 6.13i).
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Figure 6.18: The SANS (a) I(q) (10 wt%), (b) I(q)/Φsilica and (c) S(q) vs. q for 50 nm
PMMA-g-silica in 100 kg mol−1 PEO quenched at room temperature. (d) S(q) for the samples
isothermally crystallized at 58 ◦C for 7 days.
Similar experiments and analyses were also performed on 50 nm PMMA-g-silica NPs in
100 kg mol−1 PEO. We start with the quenched samples. As shown in Figure 6.18a, at low
particle loading (e.g. 10 wt%), the scattering intensity can be well represented by a polydisperse
sphere form factor, yielding a silica core size of 22 nm in radius and a lognormal polydispersity
of 0.29. The size obtained in this way is very close to the TEM value and that provided by
the manufacturer (40-50 nm in diameter), indicating the particles are individually dispersed in
the PEO matrix. Following similar analysis above, at larger particle content, the interactions
between the particles give rise to a correlation peak in the structure factor, from which the mean
inter-particle center-to-center distance (hc−c,S(q)) can be extracted and presented in Table 6.6.
The obtained inter-particle distances are approximately equal to those estimated assuming a
random, uniform distribution of the particles. This analysis consistently show that for all the
particle loadings considered here, the particles are homogeneously dispersed in the polymer
matrix, which is totally expected as the matrix PEO and the brush PMMA are miscible in the
melt.
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Figure 6.19: The SANS I(q) vs. q for 50 nm PMMA-g-silica in 100 kg mol−1 PEO either
quenched at room temperature or isothermally crystallized at 58 ◦C for 7 days.
20 wt% 40 wt% 60 wt%
q∗ 0.007202 0.008879 0.01056
hc−c,S(q) (nm) 87.24 70.76 59.50
hc−c,uniform (nm) 90.26 70.47 60.51
Table 6.6: Inter-particle center-to-center distance (hc−c) vs. particle loading (50 nm PMMA-g-
silica in 100 kg mol−1 PEO).
Going further, we have then performed the isothermal crystallization at 58 ◦C for 7 days on
the same set of materials. As shown in Figure 6.19a and b, there is essentially no discernable
change for the 10 wt% and 20 wt% samples between the quenched and slowly crystallized
systems. This might imply that the growth rate in these two systems is still too large to allow
re-organization of the particles. Alternatively, the particles could locally move around but do
not produce structural features that can be probed by the q range covered in the current SANS
experiment. In contrast, at larger particle content (40 wt% and 60 wt%), clear difference is
observed between the sample quenched at room temperature and that crystallized at 58 ◦C.
First, the inter-particle correlation becomes weaker upon slow rates of crystallization. Second,
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the scattering intensity shows an upturn at lower q, indicating clustering of particles during
isothermal crystallization at a much smaller rate (at 58 ◦C, G < Gc). Clearly the particles
start to re-organize under these conditions and could possibly lead to larger scale NP ordering,
which unfortunately cannot be resolved by the current scattering experiments. Apparently, the
polymer crystallization driven NP ordering is dominated by the relative spherulite growth rate
(G) compared to the critical value (Gc), with the size of the particle playing a secondary role.
Figure 6.20: In-site SAXS I(q)q2 vs. q for 60 wt% PMA-g-silica (0.1 chains/nm2 and 20.9
kg mol−1) in 46 kg mol−1 PEO undergoing a series of thermal treatments, as described in the
graph.
Finally, we explore the thermal reversibility of particle ordering upon polymer crystalliza-
tion. For this, we focus on the 60 wt% PMA-g-silica (0.1 chains/nm2 and the brush chain
length of 20.9 kg mol−1) in 46 kg mol−1 PEO and run the in-situ SAXS experiments on this
sample undergoing a series of thermal processing (Figure 6.20). We start from the melt, i.e. 80
◦C, where single correlation peak appears in the I(q)q2 vs. q curve, indicating homogeneous
dispersion of the NPs in the PEO matrix. Following that, we quench the sample from the melt
to Tc = 52 ◦C and run the isothermal crystallization. As shown in Figure 6.20, after 30 min, we
see the correlation peak becomes broader, indicating the particles start to re-organize locally
but at this time no larger scale NP ordering occurs. Interestingly, after crystallization at this
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temperature for 460 min, a second lower q peak shows up, suggesting formation of the NP lay-
ered structures. This NP ordering actually quickly disappears after the sample is heated back
to the melt (after 30 min at 80 ◦C). We reconcile this finding by the fact that in the ordered
state, the particles are strongly confined by the crystalline lamellae. Once the crystal melts,
the layered particles are no longer geometrically restrained, thus are able to break apart into
individual ones due to the energetic miscibility between the particle and the polymer phase in
the melt.
6.5.3 Theoretical analysis
We now theoretically delineate conditions for NP engulfment. Under isothermal conditions we
do not expect constitutional supercooling driven interfacial instabilities [128] or the Mullins-
Sekerka instability, which can occur for directionally freezing in a temperature gradient [66].
Thus, we use a one-dimensional planar growth front (corresponding to the spherulitic growth
direction, along G, Figure 6.10a) to illustrate the governing physics [128]. The NP is repelled
from the growth front because of the unfavorable free energy (∆Σ) associated with placing it
in this region, i.e., Frepel = 2πR∆Σ(ad)
n, where R is the particle radius, a is the crystal lattice
size (or the solvent size) and d is the distance of the particle to the crystal front. n (2 < n ≤
4) defines how crystal-NP interactions decay with distance. This force is in competition with
the (Stokes) friction associated with pulling the surrounding liquid into the gap between the
crystal and the particle: Fattrac = 6πηGR
2
d
where η is the solution viscosity, and kBT is the
thermal energy. It is commonly assumed that these forces are in dynamic balance [128], i.e.,





]1/(n−1) where Gc = ∆Σa3ηR is the “critical”
front velocity corresponding to d = a, above which the particles will be engulfed. Another way
to defineGc is the velocity at which the diffusive and advective motion of the particles are of the
same rate, i.e. the Péclect number (Pe) equals to unity. In other words, Pe = Ga/D = 1, from
which we again obtain Gc = ∆Σa3ηR , where the difference in surface energy ∆Σ = kBT/(2πa
2).
The large viscosities of typical polymer melts (for a 100 kg mol−1 PEO melt at 80 ◦C, η ∼
105 Pa·s; for a 46 kg mol−1 PEO melt, η ∼ 103-104 Pa·s) [118], yield Gc ∼ 0.01-1 µm/s
for particles with R ∼ 10 nm (we assumed ∆Σ ∼ 10−2 J m−2, a ∼ 10−9 m). This Gc,
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which is comparable to typical polymer crystal growth rates, implies that we can vary the
particle dispersion state between engulfed by or excluded from the growing crystal simply
through changes in the crystallization temperature Tc. In contrast, aqueous systems, with η ∼
10−3-10−2 Pa·s, have Gc ∼ 1 m/s. Thus for typical G ∼ 10-50 µm/s << Gc [129], NPs are
not engulfed by the crystals, but rather are moved to the grain boundaries yielding µm sized
features. Both these conclusions are consistent with experimental results.
6.6 Effect of nanoparticle ordering on mechanical properties
To delineate the practical usefulness of NP ordering we measured the linear mechanical prop-
erties (storage and loss moduli) at room temperature using dynamical mechanical thermal anal-
ysis (DMTA). Note that we compare NP loaded polymers and pure PEO samples crystallized
under identical conditions so that spherulite sizes and crystallinities are comparable (Figure
6.21 and Table 6.7).
Figure 6.21: Comparing the size and morphology of spherulites formed in the four materials:
(a) neat PEO fast, (b) 20 wt% fast, (c) neat PEO slow and (d) 20 wt% slow.
We find that the addition of 20 wt% NPs in the limit where they are anisotropically orga-
nized increases the storage modulus (Figure 6.22a-d, “slow”) by ∼110% at a frequency of 100
Hz. Since the addition of NPs without any long-range order contributes 60% of the Young’s
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particle wt% Hm (J/g-PNC) Hm (J/g-PEO)
neat PEO fast 0 145.9 145.9
neat PEO slow 0 171.2 171.2
20wt% fast (nm) 0.2 118.5 148.1
20wt% slow (nm) 0.2 139.7 174.6
Table 6.7: Compare the crystallinity of PEO and nanocomposites.
Figure 6.22: (a) The storage modulus (E ′) of four materials based on 100 kg mol−1 PEO at
room temperature as measured by DMTA. (b) and (c) present the loss modulus (E ′′) and loss
angle (tan δ) respectively (d) The E ′ at a frequency of 100 Hz of the nanocomposites scaled
by that of the neat PEO crystallized at identical conditions. (e) A typical load vs. extension
curve. (f) The stress intensity factor (KIq) performed on samples with a ligament length l ∼3
mm. (g) The specific work of fracture vs. ligament length. (h) The energy release rate GIq
of the nanocomposites at l ∼3 mm normalized by the neat polymer crystallized at identical
conditions.
modulus increase (Figure 6.22d, “fast”), the remaining ∼50% is presumably from particle or-
ganization (for detailed analysis see Appendix B). These results clearly show that particle or-
ganization serves to double the increase of the Young’s modulus.
We also conducted single-edge notched three-point bending tests to enumerate the strain
energy release rate, GIq (Figure 6.22f-g). Here the experimental setup follows the mode I
fracture, where a tensile stress is generated normal to the plane of the crack. Also for ductile
materials, the GIq should be the energy dissipated during fracture per unit of the newly created
fracture surface and the associated other dissipative processes including plasticity. For the test,
we first obtained the load vs. extension curve for the test specimen (Figure 6.22e). Based on
99
Figure 6.23: The specific work of facture (Wf) vs. the ligament length (l) for the neat PEO and
the nanocomposites. The red lines are linear fits to the data, yielding comparable essential and
nonessential work of fracture for all the four materials tested.








1.99− a(1− a)(2.15− 3.93a+ 2.7a2)
2(1 + 2a)(1− a)3/2
(6.7)
Where t is the sample thickness, S is the support span length and P is the maximum load, which
was corrected following the protocols suggested in ASTM standard D5045-14. Following that,






Figure 6.24: SEM micrographs of the fracture surfaces for: (column 1) neat PEO fast, (column
2) 20 wt% fast, (column 3) neat PEO slow and (column 4) 20 wt% slow.
WhereE is the Young’s modulus and ν is the Poisson’s ratio. Here for comparative purpose, we
only report the normalized GIq by that of the neat polymer crystallized at identical conditions
with the assumption that the addition of small amounts of NPs (∼3.5 vol% in silica core) do
not significantly alter the Poisson’s ratio of the base material.
On the other hand, in fact, we cannot strictly apply linear elastic fracture mechanics since
PEO is rubbery at room temperature. Hence, plastic deformation can result in a significant
amount of energy dissipation. According to the ASTM standard D5045-14, the sample dimen-
sion under study does not strictly follow plane strain criteria, as given by:
t, a, (W − a) > 2.5(KIq
σy
)2 (6.9)
Where σy is the yield strength, which is ∼5.5 MPa [130]. However, for ductile materials like





Where ωIe is the specific essential work of fracture. Based on this criteria, our samples do
satisfy the plane strain conditions.
The SEM images in Figure 6.24 clearly show the ductile nature of the PEO materials by
the highly drawn fibrils observed on fracture surfaces [132]. Based on the discussion above,
we thus have also studied samples with a series of pre-crack lengths and calculated the work of
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fracture [131] (Figure 6.22h and Figure 6.23). The intercept of this plot yields the material spe-
cific fracture toughness, while the slope gives the plastic contribution. Figure 6.22g-h clearly
show that adding NPs leaves the fracture toughness practically unaffected (Figure 6.23). In
SEM experiments we have not found particles on the fracture surfaces or any indication of void
nucleation (Figure 6.24). Presumably, this is due to the good adhesion between the PMMA
brush and the PEO matrix. In addition, the morphology of the fracture surfaces from SEM
is effectively the same across these four samples. Apparently, the fracture mechanism is un-




Conclusions and Future Work
In this dissertation, we have systematically investigated the structure and mechanical properties
of two classes of PNCs, with the polymer matrix being amorphous in one case and semicrys-
talline in the other one. In the amorphous systems, two sub-categories were examined. In the
first part, in which the particle and the polymer are energetically miscible with each other, we
studied the role of casting solvent on the particle dispersion as well as the thermomechanical
properties of the resulting nanocomposite materials. Second, for the more general nanocom-
posite systems where the particle/polymer interaction is energetically unfavorable, we have
proposed a practically simple, robust strategy for controllably dispersing the particles into the
polymer matrix through physical adsorption of BCPs onto the particle surface. This approach
was then systematically compared to chemically grafting bidisperse brushes onto the NPs in
terms of the particle dispersion and mechanical reinforcement. Going further, we have also
specifically studied the role of particle size, shape, connectivity and structural openness on
the linear viscoelastic response of the filled polymer melts. Finally, in the second stage of
this dissertation, we have focused on the interplay between particle organization and polymer
crystallization in a semicrystalline PNC.
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7.1 Role of casting solvent on nanoparticle dispersion and
thermomechanical behavior in polymer nanocomposites
We have systematically examined the role of casting solvent on the NP dispersion states and the
resulting thermomechanical properties of silica/P2VP nanocomposites. We have shown that the
stability of NP dispersions in a polymer matrix depends on different forces such as short range
VDW attraction, long range electrostatic repulsion, steric repulsion (in cases polymer adsorbs),
and polymer-induced depletion attraction. In particular, the nature of solvent and the polymer
may affect each of these forces and modify the final spatial organization of NPs. Our results
suggest that one robust means of getting good dispersion is to use solvents where the polymer
preferentially adsorbs on silica surface, such as MEK in our context. The creation of a bound
layer imposes strong steric repulsion between NPs, and thus prevents particle agglomeration
in polymer matrices under proper processing conditions. In the other case where there is no
polymer adsorbed onto the particle surface (such as pyridine in our system), NP dispersion
represents a subtle balance among electrostatic repulsions between the NPs, polymer induced
attraction and particle mobility. These results strongly argue for the critical role played by
the solvent in creating the initial NP dispersion state. Since attractions between direct particle
contacts are strong in the agglomerated state, it is apparent that the initial dispersion state
cannot be easily altered through subsequent thermal annealing.
Going further, we have used BLS to investigate the role of the casting solvent and thermal
annealing on the thermomechanical properties of the bulk silica/P2VP films. We have found
that in pyridine, although the P2VP chains are displaced away from the particle surface, they
could recover their favorable interactions with the particles as pyridine is evaporated, thus cre-
ating a homogeneous particle/polymer mixture at mesoscopic scales (>200 nm). Therefore,
there is a single phonon propagating in all the pyridine cast films, with its sound velocity in-
creasing with the increase of the particle content. These trends are well described by effective
medium theory. In contrast, in MEK, the strong interaction between silica/P2VP facilitates
bridging of NPs at higher particle loadings. Due to the poor mechanical adhesion between the
particles with adsorbed polymer chains and bulk polymer, we have found the existence of two
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propagating phonons, especially at high silica loadings when the particle phase starts to per-
colate. One phonon propagates in P2VP while the second independently propagating acoustic
phonon is in the region rich in silica NPs locally bridged by P2VP chains. However, upon
thermal annealing, the local interfacial structures that are specific to the different solvents used
tend to relax within our experimental time scale, leading to an intrinsic elastic modulus and
similar interfacial dynamics (characterized by the same Tg) irrespective of the solvent used. Fi-
nally, consistent with our previous DSC results, we found the Tg probed by BLS is only slightly
increased for nanocomposites with a loading of 45 wt% compared to that of the neat P2VP.
7.2 Block-copolymer-mediated nanoparticle dispersion and
assembly in polymer nanocomposites
We have systematically examined the dispersion and assembly of silica NPs (either spherical or
elongated) with physically attached PS-b-P2VP BCPs in chemically unfavorable PS matrices.
In both cases, with particles fully coated by the BCPs, they can be uniformly distributed in
the PS matrices. We reconcile this finding by two important facts. The P2VP block strongly
adsorbed onto the silica surface helps reduce the silica core-core attraction while the PS block
provides a miscible interface between the particle and the polymer phase. More interestingly,
we have shown that the surface coverage of the silica particles can be facilely tuned by intro-
ducing varying amounts of BCPs onto the particle surface (or varying the grafting density),
thus providing a simple way to control the assembly of silica NPs in the PS matrices. Follow-
ing this idea, we show that the BCP modified spherical silica particles can assemble into large
aggregates, small clusters, connected structures and even short strings mixed with individual
particles. Similarly, the silica e-NPs can also be organized into various superstructures includ-
ing aggregate, branch, small clump and dispersed phases by tuning the PS block coverage on
the silica surface or the ratio of the grafted to matrix PS chain lengths. Therefore, we conclude
that physical adsorption of BCPs onto NP surface is a practically simple, facile means to con-
trollably disperse the particles into a chemically unfavorable polymer matrix. Finally, we show
that the mechanical properties of the polymer melts are significantly enhanced when loaded
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with these highly extended BCP functionalized silica e-NP superstructures.
7.3 Role of block copolymer adsorption versus bimodal graft-
ing on nanoparticle self-assembly in polymer nanocom-
posites
We have studied the dispersion and assembly of four different silica NPs (BCP PS-b-P2VP
(I), monomodal PS (II), bimodal PS-PS (III) and bimodal PS-P2VP (IV)) in PS matrices.
We first show that for the system (IV), depending on the PS grafting density and the ratio
of grafted/matrix chain length, the particle dispersion states in the PS matrices can be tuned
from aggregate, thick string & vesicle, clump & string to dispersed phases. By comparing it
to the behavior of system (II), we then show that anisotropic particle self-assembly still occurs
in the bimodal system. However, there is a general shift towards better-dispersed phases when
the silica core-core attraction is reduced due to the presence of the dense P2VP layers around
the silica cores. However, due to the relatively stronger core-core attractions (especially at
short distances), these mixed PS-P2VP brush tethered particles are less dispersed than the ones
grafted with bimodal PS-PS brushes (III) in PS matrices of comparable molecular weights.
Finally, we observe vesicle-like particle structures for mixed bimodal brush grafted NPs of
lower PS grafting density blended with short PS matrices. This finding is attributed to the
weaker inter-particle interactions, which lead to self-assembly behavior that is less kinetically
trapped than their monomodal analogs. More interestingly, comparing systems (I) and (IV),
we show that at comparable adsorbing/grafting characteristics, the BCP coated silica particles
are significantly better dispersed than the BM ones in the same matrix. This likely reflects
the non-uniform distribution of grafted chains and the distribution of the number of PS chains
per particle in the latter case. Finally, we show that PS melts filled with BCP particles are
more reinforced than those consisting of bimodal brush tethered brushes, especially at lower
frequencies. This can be reconciled by the better dispersion of the BCP particles relative to
their bimodal analogs.
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7.4 Role of filler shape and connectivity on the viscoelastic
behavior in polymer nanocomposites
We investigated the dispersion structure of TS-610 in a P2VP matrix and related it to the re-
sulting linear viscoelastic properties of the nanocomposite. From rheology, we showed that the
TS-610 readily forms a percolated network at a remarkably low volume fraction, with particles
acting as network junctions while the bound polymer chains serving as the connecting bridges.
Following that, we compared the rheological behavior of nanocomposites filled with different
types of nanofillers, i.e., fumed (I), colloidal (II), polymer-grafted (III) and elongated (IV) sil-
ica NPs. Comparing (I) and (II), we have shown the important role of the shape, connectivity,
and structural openness of the nanofiller on its reinforcement capacity, evidenced by solid-like
behavior at low frequencies and the larger storage modulus over all probed time scales in fumed
silica nanocomposites. Next, comparing (I) and (III), we have found (i) an apparently lower
percolation threshold for (III) presumably resulting from the presence of the grafted polymer
chains and (ii) a larger low frequency plateau modulus at high silica content for (I), which
should be a consequence of the stronger adhesion between silica-silica in a fumed NP than that
between graft-graft chains. Finally, we show that the polymer melts are much more reinforced
by e-NPs than those by the spherical (bare or grafted) or fumed silica analogs, as a consequence
of the small, “rod-like” nature of these elongated nanofillers.
7.5 Tuning nanoparticle dispersion in semicrystalline poly-
mers
We have shown that the rate of isothermal crystallization can drastically affect NP assembly in
a crystalline polymer matrix. We demonstrate that, with fast crystallization (G > Gc), the parti-
cles nearly stay in their original locations and thus engulfed by the polymer crystals. However,
upon slow crystallization (G < Gc), the particles tend to be pushed out of the crystalline region,
leading to a “layer-by-layer” structure corresponding to one polymer crystal being decorated
layers of particles. Both TEM and small angle scattering consistently confirm this anisotropic
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NP organization. More importantly, we have further shown that the anisotropic NP ordering
increases the modulus of the matrix PEO by a factor of 2 at a silica core loading of ∼3.5 vol%
while the fracture toughness (both the strain energy release rate and the work of fracture) of
PEO is practically unaffected. We thus conclude that the growth kinetics coupled to the unusual
morphology of semicrystalline polymers represent a novel handle for in-situ fabricating hierar-
chical, anisotropic NP structures in a semicrystalline polymer, which could inspire significant
applications.
7.6 Future work
In general, although a lot has been achieved in this dissertation regarding different scientific
issues in various nanocomposite systems, many experiments were left unfinished and many
questions still need to be resolved in this context. Here in this chapter we shall share some
perspectives on certain aspects of these issues and from there propose some experiments for
future studies based on the results obtained so far.
7.6.1 Bound layers and their lifetimes in strongly interacting
polymer/particle systems
The first unresolved, but very interesting question to the community of PNCs is the lifetimes
of the bound polymer chains, which have been postulated as being a central player in control-
ling NP dispersion and also many of the highly favorable properties that result from polymer
based nanocomposite materials. For instance, in Chapter 2, we have clearly shown that the
existence of this effectively irreversible polymer bound layer can help uniformly disperse the
NPs into a polymer matrix, thus could improve the mechanical responses. As a result, many
efforts have been devoted to examine the static [33] and dynamic [133, 134] behavior of this
particle/polymer interphase. It is now well accepted that the segmental mobility of the bound
polymer chains is strongly reduced. Even more interestingly, some researchers postulate that
the bound polymer layer is glassy, and at sufficiently high particle content, the percolation
of these bound layers belonging to different particles results in the mechanical reinforcement
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[135]. However, recent dielectric relaxation and DSC studies [78] suggest that the interfacial
polymer layer is not necessarily a “dead one”. Therefore, while there is good understanding
of segmental dynamics in these situations, there are still several other important questions that
need to be addressed: (i) What is the thickness of the bound layer in the polymer melt? and
what are the spatial conformations of these bound chains? (ii) How does the matrix interact
with the bound polymer layer and what’s the mechanical consequence? (iii) Is this layer really
“bound” permanently to the particle or does it slowly exchange with the matrix? and if they do
exchange, what’s the time scale?
Figure 7.1: A detailed schematic describes the procedures used for preparing the particles with
bound polymer chains.
Material Mw (kg mol−1) Mw/Mn SLD (cm−2)
d3P2VP 107 1.16 3.73×1010
hP2VP 126 1.4 1.87×1010
dPMMA 110 1.09 6.45×1010
hPMMA 115 1.09 1.06×1010
silica — — 3.48×1010
Table 7.1: Scattering length density of polymers and silica used.
For this study, we have prepared three different nanocomposite systems consisting of sil-
ica NPs (MEK-ST-L, 40-50 nm in diameter, ∼11 vol%) and different combinations of hy-
drogenated/deuterated polymers following the protocols in Figure 7.1. These systems include
d3P2VP adsorbed silica in a matrix of hP2VP, hP2VP adsorbed silica in d3P2VP and dPMMA
adsorbed silica in a mixture of dPMMA and hPMMA. We had performed both ex-situ and
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Figure 7.2: (top) A cartoon demonstrating the scattering object in the neutron beam is a “big
sphere” consisting of silica core and d3P2VP shell. (bottom) A cartoon demonstrating the
scattering object in the neutron beam is the shell of the dPMMA layer.
in-situ SANS experiments on these samples. Due to the limitation of the beam time, we have
primarily focused on two of these systems. As shown on the top of Figure 7.2, the first system
consists of silica particles with a d3P2VP bound layer in a hP2VP matrix. As the neutron scat-
tering length density is quite similar between silica and d3P2VP, the actual scattering object in
the neutron beam is a “big sphere” comprised of silica core and the d3P2VP bound layer. If in
any case the d3P2VP bound chains can exchange with the matrix hP2VP ones, the “big sphere”
will become smaller. This size change can be used to examine the possibility of matrix/bound
chain exchange and also quantify the kinetics of this exchanging process. The other system
used silica particles with adsorbed dPMMA chains in a matrix of h/dPMMA mixture. The
composition of the matrix is tuned to contrast match with the silica core, thus in the neutron
beam, the scattering object will be the shell of the dPMMA layer (Figure 7.2 bottom). Simi-
larly, if the bound dPMMA chains can desorb into the matrix, the shell of dPMMA chains will
becomes thinner. The molecular characteristics and scattering length densities of the materials
used are presented in Table 7.1.
Before we performed the neutron experiments, two things need to be examined. First,
the NPs should be well dispersed in the polymer matrix, otherwise the bound layer is not
well defined. In both systems investigated here, due to the favorable interaction between the
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Figure 7.3: DLS,TGA and TEM characterization of silica particles with bound polymer chains,
as indicated inside the graph.
Figure 7.4: The SANS scattering intensity I(q) vs. q for 50 nm silica particles in a mixture of
95.6% hP2VP and 4.4% d3P2VP. The fitting includes the contributions from form factor of sil-
ica, the Percus Yevick structure factor, Gaussian chain scattering and a incoherent background
of 0.48 cm−1.
particle and the polymer, the particles are indeed homogeneously, individually dispersed in the
polymer matrix (TEM images in Figure 7.3 and the scattering characterization in Figure 7.4).
Second, we have to ensure that there are chains bound with the particles before being mixed
with the polymer matrix. This has been well confirmed in both systems by the DLS and TGA
measurements (Figure 7.3).
We first run the ex-situ SANS experiments (annealing the samples in a vacuum oven and
then measuring at room temperature). As shown in Figure 7.5, we observe a bound layer thick-
ness of ∼2.8 nm for the 50 nm silica with d3P2VP bound chains in a hP2VP matrix after
thermally annealing at 150 ◦C for 12 days. Apparently at this temperature the bound layer is
still stable (or “dead”). However, after a further annealing at 175 ◦C for 13 h, the SANS ex-
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Figure 7.5: The SANS scattering intensity I(q) vs. q for 50 nm silica particles with a d3P2VP
bound layer in a hP2VP matrix.
Figure 7.6: Bound layer thickness δ of d3P2VP as a function of sample history, i.e., thermal
annealing at different temperatures for varying amounts of time.
periment shows the bound layer thickness is reduced to ∼1.2 nm, indicating the bound chains
indeed start to desorb from the particle surface into the bulk phase. Following similar anal-
ysis, we summarize the results we have obtained in previous experiments in Figure 7.6. We
have found that there exists a bound layer of d3P2VP of ∼2.5 nm in thickness for the as-cast
sample, which is consistent with previous results. This bound layer seems to be “dead” at 150
◦C over a time scale of days (i.e. there is no measurable exchange between the deuterated ad-
sorbed chains and the protonated matrix), but it gradually becomes thinner at 175 ◦C, which
apparently approaches a limit of ∼1 nm after 13 h. This immediately indicates that the ef-
fectively irreversibly bound P2VP chains can actually exchange with the bulk ones at 175 ◦C,
with an exchange lifetime of hours. Similar experiments and analysis had also been performed
in the PMMA system. As shown in Figure 7.7, we observed an increase in the bound layer
thickness from 1 nm to 2.3 nm for dPMMA upon annealing at 150 ◦ for 5 days. Again, similar
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Figure 7.7: Bound layer thickness δ of dPMMA as a function of sample history, i.e., thermal
annealing at different temperatures for varying amounts of time.
Figure 7.8: The in-situ SANS intensity I(q) vs. q for 50 nm silica with a d3P2VP bound layer
in a hP2VP matrix at different annealing temperatures.
to the P2VP system, no measurable exchange between the bound and matrix chains has been
detected at this temperature. Interestingly, at 175 ◦C, the bound layer thickness is decreasing
as a function of annealing time, which apparently reaches a limit of ∼1nm after 13 h.
Going further, we have also attempted to monitor the variation in the bound layer thickness
as well as the particle structure as the sample is in-situ annealed inside the scattering sample
chamber (here we focused on the P2VP system). For this, we have pre-annealed the sample
at 150 ◦C for 5 days and then placed it into the neutron beam. Following that, we first in-
creased the temperature to 150 ◦C, collected the scattering data, then increased to a pre-defined
temperature (from 160 ◦C to 200 ◦C) and measured the scattering of the sample every two
hours. Interestingly, we observed a NP structural transition occurring at a temperature of 150
◦C. As shown in Figure 7.8, there is a structure factor peak originating from the inter-particle
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interaction in the scattering curves of the sample at both 25 ◦C and 200 ◦C, indicating that
under these conditions, the particles are well dispersed in the polymer matrices. In contrast,
at 150 ◦C, the scattering intensity rapidly increases following a power-law with respect to q,
suggesting particle aggregation at this temperature. Additionally, the peak position of structure
factor seems to be shifted to a higher q at 200 ◦C as compared to that at room temperature.
We suggest these observations should be correlated to the process of bound layer exchange, as
we have found in the ex-situ experiments. In other words, when the bound layer thickness is
reduced, the particles tend to come close to each other due to the depletion forces, which is
presumably captured by the power-law behavior in I(q) at 150 ◦C. Going further, at 200 ◦C,
as there is still a layer of firmly bound chains on the particle surface, the particles are well
dispersed in the matrices. On the other hand, the inter-particle separation becomes smaller than
that at 25 ◦C as part of the bound chains essentially become free ones at high temperatures.
This finding is very interesting but we have to note that there are some intrinsic issues with the
experiments. In this in-situ scattering test, as we did not have enough materials to fill up the
sample cell, thus the sample starts to flow radially at high temperatures and becomes thinner
(the incoherent background becomes smaller in Figure 7.8). So another possible explanation
for the structural shift observed in Figure 7.8 can be due to the particles flowing slower than
the polymer chains, leading to more concentrated particles in the center of the sample (this
part of the sample was exposed to the neutron beam) and thus smaller interparticle distances.
Additionally, the in-situ experiments indicated the particles are agglomerated at 150 ◦C while
the ex-situ experiments show the bound layer is dead at this temperature. Thus, this is still not
clear and more experiments are needed to clarify this issue.
For the future, more in-situ SANS experiments shall be performed under a constant vol-
ume condition (i.e. make sure the sample holder is filled up with the test materials). Also the
SAXS experiments should be carried out on exactly the same set of samples to examine the
change in the particle structure factors, as in the X-ray beam, the primary contrast will still be
that between silica and the polymer. With the experiments properly designed, the suggested
experiments that could be performed are: (i) Run more in-situ tests at different temperatures to
examine the variation in bound layer thickness as a function of annealing time and from there
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provide insight into the chain exchange kinetics. Again, these in-situ experiments should be
performed at a constant volume of the test specimen. (ii) It would be interesting to extend simi-
lar studies to other particle loadings (so far we have only investigated the loading of∼11 vol%),
especially those with low particle content. In such cases, there would be no structure factor in
the scattering trace, thus making it easy to use only the form factor of the particles for extracting
the bound layer thickness; (iii) Explore the critical temperature above which the bound polymer
layer starts to significantly exchange with the bulk phase; (iv) Quantitatively examine the chain
exchange kinetics at varying temperature, thus the chain exchanging activation energy can be
estimated; (v) Explore the possibility of completely refreshing the bound polymer chains, if
possible, what’s the required temperature and time scale? (vi) Examine the correlation of the
bound layer thickness with the mechanical response of the resulting nanocomposite materials;
(vii) Same experiments shall be conducted on the other two systems as well to generalize the
findings.
7.6.2 Semicrystalline polymer nanocomposites with sparsely grafted
nanoparticles
In Chapter 6, we have shown that the presence of PMMA-g-silica (0.24 chains/nm2 and 28
kg mol−1) apparently does not affect the crystallization thermodynamics and mechanism of
the matrix PEO. This is likely due to the small size of the particles (where the particles are
well dispersed), making it difficult for the polymer chains to nucleate from the particle surface.
Intuitively, if we can first organize the particles into larger structures, which might be able to
heterogeneously nucleate the crystallization of the matrix polymers. On the other hand, the
pre-assembled NP structures might bring positive impact on the mechanical properties of the
resulting nanocomposites. Additionally, it would also be interesting to examine how the as-
sembled NP superstructures respond to the polymer crystallization. One general way to control
organization of grafted NPs in the polymer melt is to vary the grafting density or the chain
length. For instance, if we reduce the grafting density of the functionalized particles, the strong
attraction between particle cores would lead to organization of particles into various morpholo-
gies [8].
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Figure 7.9: (a) I(q), (b) S(q) and (c) I(q)q2 vs. q for 8 wt% PMMA-g-silica (0.04 chains/nm2,
46 kg mol−1) NPs in a 100 kg mol−1 PEO either quenched at room temperature or isothermally
crystallized at 58 ◦C for 7 days.
Figure 7.10: Avrami plot of 100 kg mol−1 neat PEO and that filled with 1.6 wt% PMMA-g-
silica (0.04 chains/nm2 and 46 kg mol−1) isothermally crystallized at 55 ◦C. These data were
collected by Longxi Zhao.
In this context, we have synthesized another PMMA-g-silica but with a much lower graft-
ing density (0.04 chains/nm2 and 46 kg mol−1) and placed them into a 100 kg mol−1 PEO.
According to the morphology diagram for self-assembly of polymer grafted NPs proposed ear-
lier [8], we would expect this new PMMA-g-silica particle forming connected/sheet structure
in the PEO matrix. However, as shown in Figure 7.9b, we observed a correlation peak in the
S(q), indicating the particles are well-dispersed in the matrix. Quantitatively, we estimate the
inter-particle distance from the peak of S(q) (q∗ = 0.01671 Å−1) to be ∼36.40 nm. This value
is approximately equal to that (∼36.83 nm) obtained assuming a random, uniform particle dis-
tribution. This analysis shows that the particles are indeed homogeneously dispersed in the
PEO matrix, even with a grafting density of 0.04 chains/nm2. This could be due to the fact
that, in contrast to the previous system of PS-g-silica in PS matrices where the silica core and
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PS matrix dislikes each other, in the current system the silica core should interact favorably
with the matrix PEO presumably through hydrogen bonding. Thus, both the particle core and
the brush are miscible with matrix PEO, and therefore the particles should be well-mixed with
the PEO hosts at whatever grafting densities. Going further, we have also run slow isothermal
crystallization on this sample and found essentially the same results as those found for the high
grafting density PMMA-g-silica particles. That is, the inter-particle structure factor shifts to
a higher q and a second peak appears at an even lower q upon crystallization, indicating the
particles are approaching each other and then forming the a “layer-by-layer” structure.
On the other hand, we have also run isothermal crystallization in DSC on this sample and
then performed the Avrami analysis. As shown in Figure 7.10, we have surprisingly found
that the rate of crystallization becomes faster in the presence of the particles and moreover, the
Avrami exponent is notably smaller than that of the neat PEO sample. This likely indicates
that, in this particular sample, the particles seem to be acting as the nucleation agents for PEO,
thus speeding up the kinetics of PEO crystallization and possibly altering the mechanism of
crystallization too. But this is not consistent with the SANS results which show the particles
are well-dispersed in the PEO matrix. The possible explanations could include: (i) This particle
has a longer brush chain length, thus a larger overall particle size and is able to sustain a stable
polymer nucleus? (ii) As the particle has less number of chains on the surface, thus a large
fraction of silica surface is exposed to the PEO melt, which can act as nucleation agent? Despite
all these speculations, we are still not clear about these observations and thus more systematic
experiments are needed in the future to provide a better understanding.
Now let’s go back to the question we had proposed earlier in this subsection, i.e., can we
first assemble the particles into anisotropic structures in the melt and examine their interplay
with polymer crystallization? Apparently this is difficult to be realized in the PEO system as
discussed above. Maybe the bare particle system is one option, but normally in such cases
the particles are aggregated into large, spherical clusters instead of anisotropic superstructures.
Alternatively, external fields, such as flow [11], electrical or magnetic [12], can be exploited
to manipulate the particle organization in the melt. Also we could use hydrophobic crystalline
matrices, such as polyethylene or polypropylene. In such cases, due to the dislike between
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the hydrophilic particle core and the hydrophobic matrix, anisotropic NP assembly should be
expected when the particles are sparsely grafted. We will discuss more on this in the next
subsection.
7.6.3 Semicrystalline polymer nanocomposites with polyolefin matrices
As shown in Chapter 6, we have shown that the kinetics of polymer crystallization coupled
with the unusual semicrystalline polymer morphology can be used as a novel handle for con-
trolling the NP dispersion in a crystalline polymer matrix. Importantly, the ordering of NPs
into interlamellar sheet-like structures can increase the modulus of the matrix by a factor of 2
at an inorganic content of ∼3.5 vol% while the fracture toughness of the resulting nanocom-
posites is practically unaffected. This finding is very interesting and could produce significant
applications. To realize this, we need to extend this kinetic idea of organizing particles to a
commercially more relevant polymer matrix, such as polyethylene (PE) or polypropylene (PP).
We have synthesized bimodal brush grafted silica (HPI-PS-silica, 0.22 chains/nm2 and 5 kg
mol−1 for the PS brush; 0.08 chains/nm2 and 24 kg mol−1 for the hydrogenated polyisoprene
brush) NPs, in which the short, densely grafted PS chains can help to reduce the silica core-
core interaction while the long, sparsely grafted hydrogenated polyisoprene (HPI) is supposed
to provide a miscible interface with the bulk matrix. We solvent cast these particles into iso-
tactic polypropylene (iPP) matrices with different molecular weights (Mn = 5 kg mol−1, Mw =
12 kg mol−1; Mn = 67 kg mol−1, Mw = 250 kg mol−1) and varying particle loadings (5 wt%
and 20 wt%). As shown in Figure 7.11, in all samples that had been characterized, the particles
are strongly agglomerated in the polymer matrix. Currently it is still unclear why this happens,
with the possible speculation that the grafted HPI chains are not soluble in the iPP matrix.
In the future more efforts should be directed to manipulate the surface grafting of the silica
particles to make them well-mixed with PE or PP. According to literature studies, the following
options might work. For the PE, Bieligmeyer and coworkers [136] had proposed to directly
“grafting” the amino-functionalized PE chains to the maghemite NPs via a ligand exchange
process. They demonstrated that the grafted NPs are completely miscible with a PE matrix.
Although this strategy is practically designed for grafting low molecular weight PE, it should
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Figure 7.11: TEM images for bimodal HPI-PS-silica NPs in isotactic polypropylene matrices
with different molecular weights and varying particle loadings, as indicated inside the graph.
be a good starting point for the purpose of our study, i.e. we first need to disperse the par-
ticles into the polyolefin matrices. In the cases of using iPP as the host materials, previous
researchers have shown that the possible candidates for melt-miscible brush could be atactic
polypropylene [137] or poly(ethylene/ethylethylene) random copolymers [138]. Once the NPs
with proper chain grafting can be controllably dispersed in the polyolefin matrices, similar
isothermal crystallization experiments should be performed to examine the interplay between
particle assembly and polymer crystallization in these commercially more relevant systems.
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Polymer-grafted-nanoparticles nanocomposites: dispersion, grafted chain conformation,
and rheological behavior. Macromolecules, 44(1):122–133, 2010.
[38] D. Sunday, J. Ilavsky, and D. L. Green. A phase diagram for polymer-grafted nanoparti-
cles in homopolymer matrices. Macromolecules, 45(9):4007–4011, 2012.
[39] M. Asai, A. Cacciuto, and S. K. Kumar. Quantitative analogy between polymer-grafted
nanoparticles and patchy particles. Soft matter, 11(4):793–797, 2015.
[40] P. F. Green. The structure of chain end-grafted nanoparticle/homopolymer nanocompos-
ites. Soft Matter, 7(18):7914–7926, 2011.
[41] A. Rungta, B. Natarajan, T. Neely, D. Dukes, L. S. Schadler, and B. C. Benicewicz.
Grafting bimodal polymer brushes on nanoparticles using controlled radical polymer-
ization. Macromolecules, 45(23):9303–9311, 2012.
122
[42] B. Natarajan, T. Neely, A. Rungta, B. C. Benicewicz, and L. S. Schadler. Thermo-
mechanical properties of bimodal brush modified nanoparticle composites. Macro-
molecules, 46(12):4909–4918, 2013.
[43] N. Nair, N. Wentzel, and A. Jayaraman. Effect of bidispersity in grafted chain length
on grafted chain conformations and potential of mean force between polymer grafted
nanoparticles in a homopolymer matrix. J. Chem. Phys., 134(19):194906, 2011.
[44] T. B. Martin and A. Jayaraman. Identifying the ideal characteristics of the grafted poly-
mer chain length distribution for maximizing dispersion of polymer grafted nanoparti-
cles in a polymer matrix. Macromolecules, 46(22):9144–9150, 2013.
[45] N. Jouault, D. Zhao, and S. K. Kumar. Role of casting solvent on nanoparticle dispersion
in polymer nanocomposites. Macromolecules, 47(15):5246–5255, 2014.
[46] S. R. Raghavan, J. Hou, G. L. Baker, and S. A. Khan. Colloidal interactions between par-
ticles with tethered nonpolar chains dispersed in polar media: direct correlation between
dynamic rheology and interaction parameters. Langmuir, 16(3):1066–1077, 2000.
[47] K. Yurekli, R. Krishnamoorti, M. F. Tse, K. O. McElrath, A. H. Tsou, and H.-C. Wang.
Structure and dynamics of carbon black-filled elastomers. J. Polym. Sci., Part B: Polym.
Phys., 39(2):256–275, 2001.
[48] Q. Zhang and L. A. Archer. Poly (ethylene oxide)/silica nanocomposites: structure and
rheology. Langmuir, 18(26):10435–10442, 2002.
[49] S. S. Sternstein and A.-J. Zhu. Reinforcement mechanism of nanofilled polymer melts
as elucidated by nonlinear viscoelastic behavior. Macromolecules, 35(19):7262–7273,
2002.
[50] A. R. Payne. Effect of dispersion on the dynamic properties of filler-loaded rubbers. J.
Appl. Polym. Sci., 9(6):2273–2284, 1965.
[51] C. Bartholome, E. Beyou, E. Bourgeat-Lami, P. Cassagnau, P. Chaumont, L. David,
and N. Zydowicz. Viscoelastic properties and morphological characterization of
silica/polystyrene nanocomposites synthesized by nitroxide-mediated polymerization.
Polymer, 46(23):9965–9973, 2005.
[52] M. I. Aranguren, E. Mora, J. V. DeGroot Jr, and C. W. Macosko. Effect of reinforcing
fillers on the rheology of polymer melts. J. Rheol., 36(6):1165–1182, 1992.
[53] P. G. Maier and D. Goritz. Molecular interpretation of the payne effect. Kautsch. Gummi
Kunstst., 49(1):18–21, 1996.
[54] P. Akcora, S. K. Kumar, J. Moll, S. Lewis, L. S. Schadler, Y. Li, B. C. Benicewicz,
A. Sandy, S. Narayanan, J. Ilavsky, P. Thiyagarajan, R. H. Colby, and J. F. Douglas.
“gel-like” mechanical reinforcement in polymer nanocomposite melts. Macromolecules,
43(2):1003–1010, 2009.
[55] J. Moll, P. Akcora, A. Rungta, S. Gong, R. H. Colby, B. C. Benicewicz, and S. K. Kumar.
Mechanical reinforcement in polymer melts filled with polymer grafted nanoparticles.
Macromolecules, 44(18):7473–7477, 2011.
123
[56] Y. Kojima, A. Usuki, M. Kawasumi, A. Okada, Y. Fukushima, T. Kurauchi, and
O. Kamigaito. Mechanical properties of nylon 6-clay hybrid. J. Mater. Res., 8(05):1185–
1189, 1993.
[57] C.-M. Chan, J. Wu, J.-X. Li, and Y.-K. Cheung. Polypropylene/calcium carbonate
nanocomposites. polymer, 43(10):2981–2992, 2002.
[58] G. Sui, S. Jana, W. H. Zhong, M. A. Fuqua, and C. A. Ulven. Dielectric properties
and conductivity of carbon nanofiber/semi-crystalline polymer composites. Acta Mater.,
56(10):2381–2388, 2008.
[59] J.-T. Xu, Q. Wang, and Z.-Q. Fan. Non-isothermal crystallization kinetics of exfoli-
ated and intercalated polyethylene/montmorillonite nanocomposites prepared by in situ
polymerization. Eur. Polym. J., 41(12):3011–3017, 2005.
[60] J.-T. Xu, Y.-Q. Zhao, Q. Wang, and Z.-Q. Fan. Isothermal crystallization of interca-
lated and exfoliated polyethylene/montmorillonite nanocomposites prepared by in situ
polymerization. Polymer, 46(25):11978–11985, 2005.
[61] J. Tao, H. Pan, Y. Zeng, X. Xu, and R. Tang. Roles of amorphous calcium phosphate and
biological additives in the assembly of hydroxyapatite nanoparticles. J. Phys. Chem. B,
111(47):13410–13418, 2007.
[62] Y. Cai and R. Tang. Calcium phosphate nanoparticles in biomineralization and biomate-
rials. J. Mater. Chem., 18(32):3775–3787, 2008.
[63] S. C. Warren, L. C. Messina, L. S. Slaughter, M. Kamperman, Q. Zhou, S. M. Gruner,
F. J. DiSalvo, and U. Wiesner. Ordered mesoporous materials from metal nanoparticle–
block copolymer self-assembly. Science, 320(5884):1748–1752, 2008.
[64] M. Templin, A. Franck, A. Du Chesne, H. Leist, Y. Zhang, R. Ulrich, V. Schädler, and
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Appendix A: Experimental Techniques
Dynamic and Static Light Scattering (DLS/SLS)
DLS: The light scattering experiments were carried out on a BI-200SM (Brookhaven Instru-
ments) equipped with diode-pumped solid state (DPSS) laser operating at λ = 532 nm and a
BI-9000 AT digital correlator. We have also measured the hydrodynamic radii and zeta po-
tential of the suspended particles in solution using a Zetasizer NanoZS (Malvern Instruments)
equipped with a 633 nm HeNe laser, operating at a scattering angle of 173◦ (backscattering
setup).






This is related to the first-order electric field correlation function via the Siegert relation:
g(2)(q, t)− 1 = α + β
∣∣g(1)(q, t)∣∣2 (A2)
Where α(∼ 1×10−4−2×10−4) is the baseline and β is the coherence factor of the instrument,
which is dependent on the detector area, the optical alignment and the scattering properties of
the system. Normally for diluted suspensions, β can be in the range of 0.9-1. For a monodis-
perse system, the first-order autocorrelation function can be modeled as a single exponential
decay, as given by:
g(1)(q, t) = exp(−Γt) (A3)
Where Γ is the exponential decay rate. The translational diffusional coefficient Dt can then be
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obtained by extrapolating to the zero scattering angle based on the following relation:
Γ = q2Dt (A4)








Where n0 is the refractive index of the solution, θ is the scattering angle and λ is the wave-
length of the incident light. Following this, the hydrodynamic diameter of the particle can be





Where kB is Boltzmann constant, T is the temperature, η is the solution viscosity. However,
in most practical systems, the particles are polydisperse. Thus the autocorrelation function is a





WhereGi(Γi) contains information about the size distribution for the test particles. For systems
composing a single population of particles (or one mode of relaxation), the classical Cumulant








With the first cumulant k1(q) describing the Z-averaged translational diffusion coefficient (Dz)
according to the following relation:
k1(q) = Γ̄ = q
2Dz (A9)
Where Γ̄ is the effective mean decay rate. From here the Z-averaged hydrodynamic particle
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size can be obtained from Stokes-Einstein relation, as shown above. Additionally, the second
cumulant describes the width of the distribution, which will then define the polydispersity index
if normalized by (k1)2, as given by k2/(k1)2. On the other hand, for solutions with multimodal
size distributions, we resort to the Contin method based on the inverse Laplace transform of
g(1)(q, t).
In this dissertation, DLS was primarily used to measure the hydrodynamic size of the bare
silica NPs, characterize the adsorption of polymers (P2VP or PS-b-P2VP) onto silica, or check
the particle stability in solutions. In some cases where we want to get the true hydrodynamic
size of the particles, multiple angle scattering measurements were performed (from 40◦ to 140◦)
and the size was obtained through extrapolation to zero q, as described earlier. For other cases,
like polymer surface-adsorption studies, only single angle scattering (either 90◦ or 173◦) was
performed for comparative purpose. In a typical measurement, the stock silica solution (∼31
wt%) was first diluted to get a final particle weight fraction of 0.1 % or 0.13%. Following that,
appropriate amounts of polymers were added to this solution based on a given weight ratio. The
resulting composite formulation was then stirred on a vortex mixer for at least 24 h to ensure
complete polymer dissolution. Finally, the NP size in stable suspension was measured using
DLS in a glass cuvette (PCS 1115). Note that the sample was filtered with a 0.45 µm PTFE
filter prior to each measurement.
SLS: In SLS experiments the scattering intensity I(q) is measured as a function of the scattering
vector q, which can be tuned by changing the scattering angle (from 15◦ to 150◦ in our case).
Thus, for example, in a solution of DMF (n = 1.43), the q range covered by our setup is
4.4× 10−4Å−1 to 3.2× 10−3Å−1, respectively. Following that, the absolute scattering intensity
(or the Rayleigh ratio R(q)) can be obtained using a toluene reference sample whose R(q)









Where I(q) is the scattering intensity of the solution sample, I0(q) is the scattering intensity
of the solvent, Itoluene(q) is the scattering intensity of toluene, ntoluene is the refractive index
of toluene (ntoluene = 1.49 at 20 ◦C). Here the SLS was mainly used to measure the radius of
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Thus if plotting ln R(q)
R(0)
vs. q2, the linear relationship between these two will give estimation of
RG of the test particle.
Brillouin Light Scattering (BLS)
BLS was used to probe the elastic properties of both the as-cast and annealed nanocomposite
films. This technique, operating at GHz frequency range, is sensitive to local NP packing and
particle/polymer interactions and is capable to address directional elastic moduli and dielectric
constants [74], due to the wave vector nature of phonon propagation. The spot size of the
incident laser beam is ∼ 50 µm in diameter. As described in the previous studies [73], the
present BLS setup can operate in two different modes, i.e., transmission and reflection. In the









Where λ = 532 nm is the wavelength of the incident laser beam in vacuum and θ is the scattering
angle. In the reflection mode, the scattering vector q in normal to the film surface and depends





















Where α is the the incident angle. These two particular configurations allow BLS to selectively
characterize either the in-plane or out-of-plane phonons propagating within the test materi-
als. Furthermore, through tuning the polarization of the scattering light, the transverse (also
called VH-polarized or depolarized) and longitudinal (VV-polarized or polarized) component
of the elastic wave can be decomposed and selectively probed. In a typical BLS measurement,
the polarized/depolarized spectrum I(q, w) is recorded as a function of the angular frequency.
133
Following that, the Brillouin frequency, corresponding to the characteristic frequency of the
motion of acoustic waves inside the materials, can be extracted by curve-fitting the BLS spec-






Where ci and fi is the sound velocity and Brillouin frequency of the propagating acoustic
phonon. i can represent either longitudinal (cL) or transverse (cT) modes. From here the prop-
agating sound velocity can be directly calculated. Following that, other mechanical properties,















= 2G(1 + ν) (A17)










Where M , G, E, K and ν are the P-wave, shear, Young’s, bulk modulus and Poisson ratio,
respectively.
Note that all the BLS experiments were performed at room temperature (∼23 ◦C) except for
the temperature-scan measurements. In the latter case, BLS spectra were isothermally col-
lected at representative temperatures ranging from 23 ◦C to 137 ◦C (∆T ∼ 10 K). Prior to each
measurement, the whole setup was allowed to isothermally equilibrate for at least 20 min.








ρPNCs = φsilicaρsilica + φP2VPρP2VP (A21)
Where cL,PNCs and ρPNCs are the longitudinal sound velocity and density of the PNCs. φsilica
and φP2VP are the volume fraction of silica and P2VP in the composite film, respectively; ρsilica
= 1700 kg/m3 and ρP2VP = 1100 kg/m3 are the densities of the silica NPs and the neat P2VP,
respectively; cL,silica = 4500 m/s and cL,P2VP = 2650 m/s is the longitudinal sound velocity of
pure silica and P2VP (as cast in pyridine), respectively.
Scattering characterization (SAXS/SANS/XRD)
SAXS measurements were performed on beamline 12-ID-B at the Advanced Photon Source
using a photon energy of 14 keV and a detector distance of 3.6 m (leading to a q range of 0.002-
0.52 Å−1, the beam size is 30 µm × 200 µm) or on a lab-scale X-ray setup (Bruker Nanostar
U) at the Center for Functional Nanomaterials of Brookhaven National Laboratories with a q
range of 0.0048-0.2 Å−1. USAXS experiments were performed on the Bonse/Hart camera at
the LIONS laboratory in CEA Saclay in France, covering a q range of 0.0003-0.09 Å−1. Small
angle neutron scattering (SANS) experiments were carried out on the GP-SANS beamline at
HFIR at the Oak Ridge National Laboratory. All samples were examined at room temperature
unless otherwise indicated. For in-situ experiments on the PEO crystalline samples, the test
material was placed into a temperature-controlled sample holder. It was then heated to 80
◦C for 10 min and rapidly cooled down to the pre-set temperature for crystallization. The
scattering intensity was in-situ recorded every 20 min. X-ray diffraction (XRD) tests were
performed using a PANalytical Xpert3 Powder X-ray diffractometer over the range of 5◦ < 2θ
< 60◦. Each sample was analyzed for 5 min at room temperature.
Thermogravimetric Analysis (TGA)
TGA experiments were used to quantitatively determine the amount of “bound” polymer chains
on the particle surface. First, the annealed nanocomposite film was re-dissolved in the casting
solvent. The resulting solution was then centrifuged at 9700 rpm for 30 min. The particles with
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the bound P2VP form a pellet at the bottom of the centrifuge tube and the free P2VP remains
in the supernatant. This washing and centrifuging process was repeated three times to ensure
complete removal of unbound P2VP chains. The pellet obtained was dried in a 150 ◦C vacuum
oven for 2 h and then burned in a TGA in a heating program defined as follows: isothermal
at 30 ◦C for 2 min, a temperature ramp from 30 ◦C to 150 ◦C at a heating rate of 20 ◦C/min,
isothermal at 150 ◦C for 10 min (to completely remove all the residual solvent and water), and
another temperature ramp from 150 ◦C to 1000 ◦C at a heating rate of 10 ◦C/min. As the silica
does not burn off, the weight loss in the burning process should reflect the amounts of the bound
P2VP. (A “pure” silica system was used to determine that essentially nothing was burned off
in this case.) The bound layer thickness was estimated based on the specific surface area of the
particles as well as the mass loss determined by TGA and assuming a uniform thickness of the
bound layer with a density equal to the neat P2VP melt.
Differential Scanning Calorimetry (DSC)
Modulated DSC measurements were performed on a TA Q100 in a nitrogen atmosphere. The
instrument was calibrated with indium for temperature and sapphire for heat capacity. All the
experiments were conducted using a modulation amplitude of 1 ◦C and a modulation period of
60 s. Initially, 10-40 mg of the annealed sample was placed in an aluminum pan, heated to 100
◦C and stabilized for 10 min to erase any thermal history and prevent the self-seeding of PEO.
For non-isothermal crystallization, the sample was first cooled to -50 ◦C at a rate of 3 ◦C/min
and subsequently heated back to the melt at the same rate. The heat of crystallization, onset
and peak crystallization temperatures (Tc,o and Tc,p) can be determined from the recorded DSC
traces. In the case of isothermal crystallization, the sample was first rapidly cooled down to 70
◦C with an equilibration of 5 min, and then jumped to the pre-set temperature for isothermal
crystallization. This two-step cooling procedure was used to mitigate the effect of temperature
overshoot on isothermal crystallization. After crystallization for a specified period of time, the
sample was quickly cooled to room temperature for other structural/property analysis or heated
back to the melt to probe the melting temperature (Tm) and heat of fusion (Hm).
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Cross-polarized Optical Microscopy (POM)
Transmission POM, using an Olympus BX 50 microscope equipped with a movable heating
plate provided by Linkam Ltd, was used to estimate the spherulite growth rate and from there
the particle mobility at a specified crystallization temperature. A glass slide supported thin sam-
ple film, prepared according to the procedure described in chapter 6, was first heated up to 90
◦C for 10 min to erase the thermal history and to eliminate any self-seeding nuclei. The sample
was then cooled down to the preset temperature for crystallization. Once the desired temper-
ature was reached, a real-time video of the growing spherulites was recorded. The spherulite
sizes at different crystallization times for each sample were then measured using Image J (ver-
sion 1.45s), from which the spherulitic growth rates can be extracted. A copper wire with a
known diameter was used to calibrate the magnification of the microscope.
Transmission/Scanning Electron Microscopy (TEM/SEM)
TEM: TEM was used to characterize the NP structures in the real space. For samples with
high Tg matrices (such as PS, P2VP), room temperature microtome and TEM were performed.
For this, the bulk PNC sample was directly (or first embedded in epoxy resin, cured at 80◦C for
8 h, and then) microtomed into thin slices (∼60 nm), which were then floated on a Formvar-
coated TEM grid from deionized water and visualized in a Jeol JEM-100 CX or Philips CM-12
electron microscope operating at an accelerating voltage of 100 kV.
For crystalline samples (such as PE, PP and PEO whose Tg is below room temperature),
sections of 70-90 nm thickness were prepared using a Leica EM UC6 microtome operating
at -120 ◦C with a Leica EM FC6 cryo attachment and a diamond knife. In some cases, the
resulting thin sections were collected on copper TEM grids and quickly transferred to a liquid
nitrogen container to minimize water absorption. Samples were stored in liquid nitrogen for
less than a week. A cryo-transfer holder was used to load the frozen samples into a Tecnai G2
20 XTWIN electron microscope. The accelerating voltage was 200 kV, the sample temperature
was -170 ◦C, and low dose (∼300 e−/nm2) was used to minimize beam damage. In other cases
the thin sections were quickly transferred to a small plastic box containing silica gel particles to
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minimize water adsorption, and finally visualized in a JEOL JEM-100 CX electron microscope
at room temperature.
SEM: The fracture surface morphology of the specimens tested in the 3-point bending exper-
iments was examined in a FEI Versa 3D scanning electron microscope using an accelerating
voltage of 1-2 kV. To avoid charge accumulation on the sample surface during imaging, a thin
layer of platinum (less than 1 nm) was deposited onto the specimen surface using a Technics
Hummer V sputter coater.
Rheology
A strain-controlled ARES-G2 rheometer (TA Instruments) equipped with 8 mm parallel plates
was used for rheological characterization. The annealed samples were compression molded
into 8 mm discs using a custom molding apparatus. The rheology measurements were per-
formed at different temperatures (160-200 ◦C for PS or P2VP based nanocomposites, well
above Tg ∼100 ◦C of the neat polymer; or 60-90 ◦C for PEO samples) under nitrogen and a
master curve for each sample was created following the time-temperature superposition princi-
ple. Prior to the frequency-sweep test, we first run a strain-sweep experiment at the maximum
frequency to determine the range of linear strains.
Mechanical Tests
DMTA: Dynamic Mechanical Thermal Analysis (DMTA) was conducted on a Rheometrics
Instruments DMTA-V using a sample dimension of ∼10 mm × 2.5 mm × 0.66 mm. All tests
were performed at 25 ◦C in a tension mode at a strain of 0.01% to ensure the loading was
elastic. The probed frequency of deformation ranges from 0.002-100 Hz.
SEN-3PB: Single-Edge Notched 3-point Bending (SEN-3PB) experiments were carried out to
examine the fracture toughness of the testing specimens following ASTM standard D5045-14.
The specimen geometry is approximately 38 mm × 6 mm × 2.5 mm, with a support span of
24 mm. Prior to tests, the surfaces of the specimens were first smoothened and then a pre-crack
of a determined length was made with a fresh razor blade driven by a mill machine. The actual
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length of the pre-crack was ultimately determined by an optical microscope after the bending
test. The fracture toughness was measured on an Instron 4204 mechanical testing machine
using a miniature three point bend fixture (2810-412, Instron) at a constant displacement rate
of 0.3 mm/min. Estimation of the stress intensity factor (KIq) and the strain energy release
rate (GIq) was conducted following the ASTM standard D5045-14. For each material at a
ligament length l ∼ 3 mm, at least three specimens were tested to estimate GIq. Note that, due
to the limitation in the quantity of the materials, the sample geometry used in the current work
does not strictly follow the plane strain criteria suggested by ASTM. However, our samples
do satisfy the plane strain conditions defined by work of fracture for ductile materials [131].
Finally, the work of fracture for each specimen at different pre-crack lengths was determined
by integration of the load-displacement curve.
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Appendix B: Modeling and Calculations
Modeling of single elongated silica nanoparticle scattering
The form factor of one single e-NP (Figure 3.4a) can be described by a chain of spheres using
a fractal model [86], which is divided into three q regimes as follows:
(I) At large q > q2 = π/(2Re−NP) (Re−NP is the radius of the e-NP), the scattering intensity











(II) At intermediate q, the scattering intensity Kf (q) is scaled as q( − Df), where Df is a
Hausdorff dimension of the cluster.




(III) At small q < q1, the scattering intensity Kc(q) converges to a constant value.
Kc(q) = NaggKs(q) (B3)
Here, Nagg is the number of spheres in a cluster. Since the typical radius of fractal clus-
ter is Re−NPN
1/Df
agg , the cut-off q1 between the low and intermediate q regimes is defined as
2π/(4Re−NPN
1/Df
agg ). Note that as the spherical building blocks are polydisperse, the total scat-
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Here, i could be s, f or c, φ is the particle volume fraction in the system, ∆ρ is the scattering
contrast, and L(Re−NP) is the log-normal distribution of Re−NP.
Modeling of scattering from elongated nanoparticle composite
films
For modeling the scattering of the e-NP self-assembled superstructures, besides of the single
e-NP form factor, we need to take into account the interaction between the clusters (or inter-
cluster, S(q)inter, note that the cluster could be one e-NP or aggregation of e-NPs) as well as the
interaction between the spheres within the cluster (or intra-cluster, S(q)intra) by incorporating
the inter- and intra-cluster structure factors, respectively. Both these two structure factors are






































Where φi is the effective particle packing volume fraction, i can be either S(q)inter or S(q)intra;
di is either the average center-to-center inter-cluster (dS(q),inter) or intra-cluster (dS(q),intra) dis-
tance. With this, we can calculate the total scattering intensity Ij(q) by the following relation:
Ij(q) = Pj(q)S(q)interS(q)intra (B11)
Where j = s, f or c, and Pj(q) is given by eq.B4.
Calculation of the surface coverage of block copolymer coated
elongated nanoparticles
We estimate the surface coverage S∗ using a geometric model that we have proposed for poly-
mer grafted spherical NPs [39]. In this model, grafted polymers are replaced with grafted
spheres with a radius of R relating to the radius of gyration of grafted polymer RG, by R =
βRG. Here, β is a fitting parameter, which is ∼0.46 according to our recent work [39]. Based
on this geometric model, S∗ is given by:
S∗ = 1− e−fλ∗ (B12)
Where f is the number of grafted chains per particle and λ∗ is the coverage of a grafted polymer











Here α ≡ R/Re−NP, and Re−NP is the radius of the “rod-like” particle. The radius of gyration
(RG) of the grafted chain (PS in our case) in the solvent (or MEK) is given by:
RG = 0.017×M0.54w (B14)
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Where Mw is the weight averaged molecular weight of the grafted polymers (or PS block in
our case) in g mol−1, i.e. 148500 × 1.05 = 155900 g mol−1.
Calculation of the inter-particle attraction potential
The core-core London dispersion attraction potential between bare silica NPs in a PS matrix
can be given by [46]:








Where RNP is the radius of the silica core, h is the inter-particle separation between the parti-
cles.
In the case of particles coated by a surface layer of PS or P2VP of thickness L, the core-core
attraction will be modified as [46]:






























Where APS, Asilica and ASL is the Hamaker constant of PS, silica and the surface layer (either




















Where kB is the Boltzmann constant; T is the absolute temperature; ε is the dielectric constant;
h is the Plank’s constant; νe = 3.2× 1015 s−1 is the main electronic absorption frequency; and
n is the refractive index. Note that in the case of PS as the surface layer, the height of the brush
is assumed to be the radius gyration of the chains while when the particle is coated by a P2VP
layer, the thickness is estimated assuming the P2VP chains are completely collapsed onto the
particle surface, as P2VP is not miscible with the matrix PS.
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ε n A(J)
silica 3.75 1.4585 6.55× 10−20
PS 2.6 1.5917 1× 10−19
P2VP 2.6 1.62 1.08× 10−19
Dielectric constant, refractive index and Hamaker constant used in the calculation of London
dispersion potentials.
Calculation of the inter-particle surface-to-surface separation
If we assume the NPs are randomly, uniformly distributed in the polymer matrix, the inter-
particle surface-to-surface separations can be given by [141]:
hs−s,uniform = dsilica([φmax/φsilica]
1/3[exp ln(σ)2]− 1)− 2tbrush (B18)
Where dsilica is the number average silica core diameter, φmax = 2π is the maximum random
dense packing fraction of spheres, φsilica is the silica core volume fraction, σ is the geometric
standard deviation of lognormal silica core size distribution, tbrush is the PMMA grafted layer
thickness (∼5 nm, estimated from self-consistent mean-field theory). The hs−s,uniform can also
be derived from the structure factor S(q), as given by:
hs−s,S(q) = 2π/q
∗ − (dsilica + 2tbrush) (B19)
Where q∗ corresponds to the peak in S(q). Notice that in both cases, in order to estimate
the average inter-particle spacing, we need to know the size and polydispersity of the silica
core. For this, we rely on directly measuring the form factor of dilute bare silica solutions
using SAXS. Shown below is the scattering intensity of 0.1 wt% bare silica particles (with no
PMMA brushes) in MEK (Nissan MEK-ST), which can be well represented by a polydisperse
sphere form factor, leading to a median diameter (dm) of 12.6 nm and lognormal polydispersity
of 0.28 (σ = exp(0.28) = 1.32). As a consequence, the number averaged silica core size is









The scattering intensity I(q) of 0.1 wt% bare silica (Nissan MEK-ST) in MEK vs. q.
Estimation of the long period of PEO and its nanocomposites
The long period (crystalline lamella plus the amorphous region) of PEO can be directly ob-




Then the lamellar thickness of PEO can be estimated by:
Lc,PEO = Lo,PEOXc,PEO (B22)
Where Xc,PEO is the PEO crystallinity measured from DSC. Following this, estimation of the
long period for the nanocomposite samples is based on the Scherrer’s equation [142], as de-
scribed in the previous work [123] and given by:
Lc = Lc,PEOβPEO/β (B23)
Where β is the full width at half maximum of the XRD diffraction peak (here we used the peak
of 2θ = 19.42◦). From here the long period of the composite samples can be calculated from:
Lo = Lc/Xc (B24)
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(a) A representative XRD curve for room temperature quenched 100 kg mol−1 PEO. The red
line is a fit to a Lorentz function (for the amorphous halo) and Pearson functions (for the
diffraction peaks). (b) I(q) vs. q for neat 100 kg mol−1 PEO crystallized at various conditions,
either room temperature quenched or isothermally crystallized. (c) The same data plotted as
I(q)q2 vs. q. (d) The long period extracted from the first peak in (c).
Modeling of modulus reinforcement in PEO nanocomposites
The improvement in the Young’s modulus for the case of the “fast” (quenched at room temper-
ature) and “slow” (isothermally crystallized at 58 ◦C for 7 days) samples (i.e. nanocomposites
vs. neat polymers) can be understood in two ways.
(i) Using the Guth and Gold equation [143],
E ′PNC = E
′
PEO(1 + 2.5ΦNP + 14.4Φ
2
NP) (B25)
Where E ′PEO and E
′
PNC are the storage modulus of neat PEO and the 20 wt% nanocomposite,
respectively. ΦNP is the volume fraction of the silica core plus the PMMA brush. According to
this relation, the effective filler volume fraction contributing to the mechanical reinforcement
can be estimated to be ∼0.144 and ∼0.208 for the cases where the particles are well dispersed
(“fast”) and organized into “sheets” (“slow”), respectively. This suggests that effectively there
are more particles in the “slow” sample contributing to the mechanical reinforcement than that
in the “fast” sample. We reconcile this by the fact that in the former case a large fraction of
particles are excluded into the interlamellar regions, thus providing larger reinforcements to the
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amorphous phase of the crystalline PEO.















Where ΦPEO is the volume fraction of PEO, E ′NP is the modulus of the nanofiller and ξ is an
empirical parameter, which is related to the geometry and volume fraction of the fillers. We
first estimate the modulus of the grafted particle using the rule of mixtures, i.e.,





Where Φsilica and ΦPMMA are the volume fractions of the silica and PMMA in the grafted
particle respectively. E ′silica = 70 GPa and E
′
PMMA = 2.5 GPa are used for the modulus of
the silica and PMMA. Therefore, with known values of E ′NP, E
′
PEO, ΦNP and ΦPEO, we can
estimate ξ to be ∼2.6 and ∼9.8 respectively for the “fast” and “slow” samples. We know that,
for spherical nanofillers,
ξ = 2 + 40Φ10NP = 2 (B28)
This agrees reasonably well with the value we obtained above for the well-dispersed system.
In the case where particles are organized into “sheets”, we can estimate the aspect ratio (l/t) of
the “sheets” to be ∼5 according to the following relation:
ξ = 2(l/t) + 40Φ10NP (B29)
Note that this relation is only valid for system-spanning oriented plates. But in our case, we
know that the “sheets” are only locally, anisotropically organized within the spherulites while
randomly oriented on a larger length scale. Thus the real size of the “sheets” formed in our
system could be significantly larger.
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